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Deformation mechanisms and fracture strength of polycrystalline
ultrafine-grained materials: experimental and numerical investigations

Abstract

The objective of this thesis is to provide insights of two fundamental topics regarding 
the deformation and failure mechanisms of ultrafine-grained face-centered cubic metals. 
The  first  topic  considers  the  mechanisms  of  plastic  deformation  as  a  desired  grain 
fragmentation  process  in  order  to  achieve  a  significant  refinement  of  structural 
elements.  For  this  purpose,  the  so-called Dynamic  Plastic  Deformation  technique  is 
used  to  cause  the  grain  refinement  of  polycrystalline  nickel.  Subsequently,  a  Fast 
Fourier  Transform  numerical  procedure  is  applied  to  the  microstructure  after 
deformation, and the results are compared with the experiments. The second topic deals 
with  the  effect  of  the  stress  state  on  ductile  toughness  along  with  identification  of 
the mechanisms leading to tensile failure. To this end, a small-scale experimental and 
numerical  modeling  techniques  are  developed  and  implemented  to  predict  fracture 
behavior of polycrystalline nickel and steel. Consequently, the obtained results are used 
to formulate a criterion applied to the crack tip  situation.  The numerical  results  are 
compared with the experimental data to validate the procedure and estimate fracture 
toughness of the investigated material.

Keywords: ultrafine-grained  nickel,  Dynamic  Plastic  Deformation,  FFT-based  numerical  procedure, 
local approach to fracture, Gurson model, fracture toughness, stress triaxiality

Mécanismes de déformation et résistance à la rupture des polycristaux
à grains ultra-fins: études expérimentales et numériques

Résumé

L'objectif de cette thèse est à travers deux thèmes fondamentaux d’étudier et analyser 
les mécanismes de déformation et de rupture des polycristaux cubiques à faces centrées 
à  grains  ultra-fins.  Dans  le  premier  thème  la  déformation  plastique  est  considérée 
comme  un  procédé  de  fragmentation  des  grains  en  blocs  plus  petits.  À  cet  effet, 
la technique  dite  du  poids  tombant  (développée  au  LISMMA-Supméca)  qui  est 
un procédé de déformation plastique en régime dynamique est utilisée pour l'affinement 
des grains de nickel polycristallin. Les mécanismes d’affinement et de déformation sont 
ensuite  analysées  expérimentalement  et  numériquement  par  transformée  de  Fourier 
rapide  (Fast  Fourier  Transform).  Le  deuxième  thème  traite  de  l'influence  de 
la tri-axialité  sur  la  ténacité  des  matériaux  ductiles  ainsi  que  de  l'identification 
des mécanismes conduisant à la rupture en traction. À cette fin, des essais de traction 
sur mini-éprouvettes à entaille circulaire et des techniques de modélisation numérique 
sont développés et mis en œuvre pour prédire le comportement à la rupture du nickel 
polycristallin et d’un acier. Les résultats obtenus sont utilisés pour formuler un critère 
appliquable au chargement d'une fissure. Les résultats numériques sont comparés avec 
les  données  expérimentales  pour  valider  la  procédure  et  estimer  la  ténacité 
des matériaux étudiés.

Mots clés: nickel à grains ultra-fins, Déformation Plastique Dynamique, méthode FFT, approche locale  
de la rupture, modèle de Gurson, ténacité, tri-axialité des contraintes
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Nomenclature

Latin symbols

Symbol Definition

xd pixel in the real domain 
Tj period of the unit cell in j-th direction
Nj frequency in Fourier domain
E average strain field

C0 stiffness of the homogeneous material

C ( x) stiffness of the inhomogeneous material
C ( xd) fourth-rank tensor of elastic moduli at point xd
H (x d) compliance tensor at point xd

e i complimentary error function

P Schmid factor of the slip plane relative to the tensile axis

Pα (x d) Schmid factor at point xd

Hαβ(xd) symmetrical hardening matrix at point xd
A anisotropic hardening coefficient of hardening matrix Hαβ(xd)
h1 weak parameter of hardening matrix Hαβ(xd)
h2 strong parameter of hardening matrix Hαβ(xd)

Ε P total rate of macro-deformation

VRVE volume of Representative Volume Element
V(G) volume of grain
d grain size
k y strengthening coefficient
q von Mises equivalent stress
p hydrostatic pressure
q1 , q2 Gurson-Tvergaard-Needleman model constants
f volume fraction of the voids
f 0 initial volume fraction of the voids
f N volume fraction of the voids that can be nucleated
f c critical volume fraction of voids at the onset of coalescence
f F volume fraction of voids at the onset of failure
ḟ void volume fraction function
˙f gr void growth function



Nomenclature

˙f nucl void nucleation function
A void nucleation coefficient
S N standard  deviation  of  the  distribution  of  the  plastic  strain  for  void 

nucleation
A, B strain hardening parameters
C dimensionless strain rate hardening coefficient
n power exponent of the strain hardening
m thermal softening terms
T* normalized temperature
T temperature
T m absolute melting temperature

Z Zener-Hollomon parameter
Q activation energy
T absolute temperature
R universal gas constant
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Greek symbols

Symbol Definition

ξd pixel in the Fourier domain
σ (x ) local stress field
ε (u( x )) local strain field
ε (u∗ (x )) fluctuation term of the local strain field
ψ(x ) polarization field

λ 0 Lamé coefficient

μ 0 Lamé coefficient

Γ 0 periodic green operator
Δ increment
σΔ stress in the predefined increment
εΔ strain in the predefined increment
τ Δ hardening parameter in the predefined increment

τα (x d ) resolved shear stress component for a system α at point xd

τ̇ cr
α ( xd ) critical shear stress component for a system α at point xd

τ̇ α( xd) resolved shear stress rate component for a system α at point xd

τxy ( x=δ) concentrated shear stress at a distance δ away from a grain boundary

σ (xd ) stress component at point xd

γ α( xd) shear glide on the critical system α

γ β (xd ) shear glide on all active slip systems β

ε̇ P (xd ) rate of micro-deformation at point xd

σ0 friction stress

σ cr critical stress

σ y yield stress

δ distance away from a grain boundary in an adjoining grain
Φ yield function
σ y yield stress of the undamaged matrix material
ε N mean value of the distribution of the plastic strain for void nucleation
˙̄ε m

pl matrix effective plastic strain rate

ε̇ pl macroscopic plastic strain rate
λ̇ plastic flow multiplication factor
σ equivalent stress response
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εp equivalent plastic strain

ε̇p equivalent plastic strain rate

ε̇0 normalizing reference strain rate

γT unconstrained twinning shear strain
K1 composition plane
η shear direction
ε̇ strain rate
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bcc body-centered cubic 
hcp hexagonal close-packed 
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ng Nano-grained
SPD Severe Plastic Deformation
DPD Dynamic Plastic Deformation
LAF Local Approach to Fracture
FFT Fast Fourier Transform
CT specimen Compact Tension specimen
CDM Continuum Damage Mechanics
CPM Crystal Plasticity-based Constitutive Modeling
HIP Hot Isostatic Pressing
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RT Room Temperature
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Chapter I. Introduction

I.1.  Motivation

Nowadays,  ultrafine-grained (ufg) materials  have  received  much  interest 

because  of  outstanding  mechanical  properties.  The  phenomenon  of  strengthening 

of metallic materials through reduction of grain size is a well-known mechanism since 

the pioneering work of  [Hall,1951] and [Petch,1953]. The Authors examined materials 

with different grain size and observed linear relation between the value of the lower 

yield point stress and inverse square root of the grain diameter. These researches opened 

up a new perspective on materials science to create higher strength materials placing 

emphasis on the microstructure.

As the grain size decreases to the nanometer range, the increase in strength is 

achieved  at  the  cost  of  a  loss  in  ductility.  Therefore,  it  is  important  to  understand 

the underlying mechanisms of plastic deformation which take place prior to fracture. 

Figure I-1 shows a schematic plot of the activated deformation mechanisms occurring 

in relation  to  the  grain  size  for  polycrystalline  face-centered  cubic (fcc)  copper. 

In materials  with  the  grain  size  above  1 μm,  the  deformation  follows  by traditional 

dislocation accumulation within the grain. Going down to a finer grain size, the grain 

boundary  begins  to  play  an  increasingly  important  role  in  deformation  and 

strengthening mechanisms. Finally, dealing with materials that have a grain size of only 

few  nanometers  is  difficult  to  generate  dislocation,  and  deformation  most  likely 

Figure I-1. Deformation mechanism map for fcc metals
(based on copper) [Cheng et al.,2003].
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Chapter I. Introduction

occurs via grain boundary events such as sliding. This complexity of the deformation 

mechanisms and strength influenced by the microstructure make that the ufg materials 

need greater attention in the production process.

In  order  to  create  ufg or  nano-grained (ng)  materials  several  Severe  Plastic  

Deformation (SPD)  methods  [Valiev  et  al.,2000] [Azushima  et  al.,2008]  have  been 

proposed. By means of the SPD method, grain refinement is obtained through repeated 

large  plastic  deformation  of  the  bulk  material.  However,  most  of  these  methods  is 

time-consuming and require special equipment. Lately, the promising results in grain 

refinement of bulk materials show methods using high strain rate plastic deformation 

[Zhao et al.,2005] [Li  et al.,2008] [Abdul-Latif  et al.,2009]. This technique, so-called 

Dynamic Plastic Deformation (DPD), shows an ability in effective grain refinement for 

a wide range of materials.

Because of large number of developed processing routes, which can be used to 

produce  ufg materials,  the  resulting  microstructure  vary  between  these  techniques. 

Therefore,  it  is  important  to  determine  the  properties  of  investigated  materials  by 

mechanical  tests.  Nevertheless,  the  available  stock  of  processed  ufg materials  is 

generally insufficient to machine conventional specimens and conduct tests according to 

ASTM  Standards.  Specially,  it  is  difficult  to  estimate  fracture  toughness  of   high 

strength materials by means of KIc, JIc or CTOD, because it is often impossible to meet 

the specimen size requirements such are thickness and planar width.  In these cases, 

some alternative tests  methods are  needed.  A  Local  Approach to Fracture (LAF) is 

a methodology that can estimate macroscopic fracture properties based on the testing 

of small-size  tensile  specimens.  For  that  purpose,  the  LAF  procedure  involves 

simultaneous experimental and numerical studies, where small-size tensile specimens 

with different notch radius are used to estimate the relationship between the triaxial 

stress  state  and the  failure  strain.  Consequently,  the  results  can  be used to  evaluate 

the toughness of the material in the mode I crack propagation. 

4



Chapter I. Introduction

I.2.  Objectives

The main scope of this work is to investigate the deformation mechanisms of 

ufg materials both experimentally and numerically. The investigation focuses primarily 

on  two  basic  research  topics.  The  first  one  deals  with  the  mechanisms  of  plastic 

deformation  in  order  to  achieve  a  significant  refinement  of  structural  elements. 

The second one deals with the effect of the stress state on ductile toughness along with 

the identification of the mechanisms that lead to tensile failure.

(i) The goal of the first topic is to examine the DPD technique as an effective way of  

grain refinement,  and evaluate  the ability of this  technique as a  processing route of 

ufg materials.  In  this  project,  a  polycrystalline  nickel  sample  is  chosen  for 

the investigation. Consequently, a wide range of material characterization techniques is 

conducted on the processed sample in order to determine in detail the microstructure 

evolution.  The  experimental  program  is  completed  by  the  investigation  of 

the mechanical  properties  in  the  quasi-static  regime.  In  parallel,  a  Fast  Fourier  

Transform (FFT) numerical method with crystal plasticity theory is proposed to estimate 

the overall response of the material.

(ii) The goal of the second topic is to study the mechanical properties, such as fracture 

toughness, in cases where a stock of the material is not sufficient to evaluate related 

material properties in accordance with the requirements of ASTM Standards. For this 

purpose, an integrated experimental and numerical procedure is proposed to investigate 

the mechanical  failure properties  of  ufg materials.  The experimental  set  up of small 

notched specimens is proposed to obtain different states of triaxial stress and to evaluate 

the  stress  state  dependence  with  fracture  strain.  The  investigation  is  completed  by 

microscopic observations of the fractured surface to then relate the micromechanisms 

leading to fracture initiation into the numerical model. The LAF based on the Gurson 

model  is  proposed to  perform numerical  simulations.  The results  of  this  study give 

approximate values of damage parameters, which are subsequently applied to the crack 

tip situation. Finally, the numerical results of the Compact Tension (CT) specimens are 

compared with experimental data in order to estimate fracture toughness.

5
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I.3.  Scope of work

The report is divided into six chapters, including this introduction.

Chapter II provides a general theoretical background for the present study. First, a brief 

description of the processing techniques of  ufg materials is presented. The chapter is 

continued  by  a  description  of  the  deformation  mechanisms  that  can  appear  in 

fcc materials.  At  the  end  of  the  section,  a  brief  historical  review  of  the  numerical 

methods is presented, for both (i) the  Crystal Plasticity-based Constitutive Modeling 

(CPM)  and  (ii)  the  LAF methodology  applied  to  Continuum  Damage  Mechanics 

(CDM). 

Chapter  III provides  a  detailed  experimental  program  that  is  used  to  investigate 

mechanical properties and microstructure of the investigated materials.  The chemical 

composition of the materials,  description of  the samples  and experimental  setup for 

the mechanical  tests  are  described in  further  detail  in  the  first  section.  This  section 

is followed  by  a  description  of  the  sample  preparation  techniques  designed  for 

microstructural characterization.

Chapter  IV views  the  basic  aspects  of  the  numerical  methods  used  in  this  study, 

including the mathematical framework, algorithms, and numerical procedures. 

Chapter V is a summary of all results accompanied by discussions. First, the results of 

grain refinement  by the DPD technique are presented.  Subsequent  numerical  results 

obtained by the FFT numerical procedure complete this topic. Second, the results of 

the polycrystalline nickel sample subjected to a wide range of stress triaxiality by means 

of  the  small-size  tensile  notched  specimens  are  provided.  The  capability  of 

the numerical model to reproduce and predict physical failure behavior is subsequently 

discussed. Finally, the results of the former procedure applied to a steel supplemented 

by fracture toughness experimental and numerical testing program are shown. 

Chapter  VI summarizes the work presented in  this  report  and provides  conclusions. 

Finally, several future research topics that have emerged from this work are highlighted.
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II.1.  Introduction

The present chapter provides an overview of the research topics discussed in this 

thesis  accompanied  by  bibliography.  The  lecture  begins  with  a  description  of 

the processing techniques that are capable of producing ufg materials and their effect on 

the  microstructure  of  the  processed  samples.  Because  of  the  investigated  materials, 

the discussion in  mostly focused on  fcc metals  with  an  emphasis  on polycrystalline 

nickel.  Then,  a  description  of  different  types  of  deformation  mechanisms related  to 

the crystallographic  structure  placing  greater  emphasis  on  fcc metals  is  provided. 

The discussion is followed by a description of the failure modes, including ductile and 

brittle  fracture.  The  latter  part  of  the  chapter  focuses  on  a  chronological  map  of 

the development of the numerical models in the domains of interest.

13
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II.2.  Review of processing, microstructure and mechanical 

properties of ultrafine-grained nickel

II.2.a.  Processing techniques

Recently, several approaches have been proposed to process ufg or ng materials. 

Among them, the most significant are:

a) Electroplating

b) Powder Metallurgy

c) Serve Plastic Deformation

d) Dynamic Plastic Deformation

Electroplating (also called 'electrodepositon') is a process using electrical current 

to reduce cations of a desired material from a solution and coat that material as a thin 

film onto a conductive substrate surface. Schematic sketch of electroplating system for 

the  deposition  of  nickel  from  nickel  salts  solution  is  shown  in  Fig. II-1. 

The electrochemical cell consists of two electrodes immersed in a conductive, aqueous 

solution of nickel salts. Nickel in solution is present in the form of divalent, positively 

charged ions (Ni2+). Under the applied external electric field, the positive ions react with 

two electrons (2e-) and are discharged and deposited at the cathode surface as metallic 

nickel (Ni0).  At the anode, the reverse reaction occurs where metallic nickel dissolves 

to form divalent positively charged ions. As the ions enter the solution, they replenish 

that plated out at the cathode.

Figure II-1. Schematic diagram illustrating electrodeposition of nickel
[Dalla Torre,2002].

14



Chapter II. Literature review

A successful  research  studies  on  electrodeposited  ng nickel  were  presented 

elsewhere by [Dalla Torre et al.,2002] [Kumar et al.,2003] and [Moti et al.,2008].

Powder Metallurgy is a processing technique which generally consists of four 

following steps: (i) production of powder; (ii) blending powdered materials; (iii) powder 

compacting; (iv) sintering.  Hot Isostatic Pressing (HIP) and  Spark Plasma Sintering 

(SPS)  are  widely  used  to  form  and  consolidate  metal  powders.  The  HIP requires 

specially constructed pressure vessel in which high-pressure gas is isostatically applied 

to a compact preform at elevated temperature to produce particle bounding. This leads 

to a full dense material, or material with close to the theoretical density. The schematic 

sketch of the HIP unit is shown in Fig. II-2(a). The SPS is a processing technique that 

sinter powders under the effect of high current and uniaxial pressure. The powders are 

placed in a graphite die and constantly pressed by plungers (Fig. II-2(b)). When a pulsed 

electric current passes through the die and the sample, the powder is heated by Joule 

effect and eventually by the spark discharge between the particles, and makes possible 

sintering or sinter-bonding. The sintering process runs rapidly and uniformly.

Powder metallurgy as a tool for consolidation process of nickel powders has 

been  demonstrated  using  the  HIP  technique  by  [Dirras et al.,2010]  and  [Bousnina 

et al.,2010].  A report  dealing  with  the  SPS  processed  ufg nickel  was  presented  by 

[Gubicza et al.,2009] [Bui et al.,2010] and [Dutel et al.,2012].

(a)                                                           (b)           

Figure II-2. Schematic of: (a) HIP unit [Bocanegra-Bernal,2004];
(b) SPS process [Munir,2006].
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The SPD method is  used to  convert  coarse grain  metals  and alloys  into  ufg 

materials by the repeated large deformation of a fully dense material. Straining under 

High Pressure Torsion (HPT) and Equal Channel Angular Pressing (ECAP) have been 

widely  used  among  the  SPD  techniques.  The  HPT  technique  uses  a  disk-shaped 

specimens  located  between two anvils  that  transmit  external  forces  to  the  specimen 

(Fig. II-3(a)).  Through  the  upper  anvil,  the  specimen  is  subjected  to  a  compressive 

pressure  of  several  gigapascals,  while  on  the  other  side  through  a  rotating  anvil 

the specimen is subjected to a torsional strain. Therefore, the disk is deformed by shear 

through the surface frictional forces under a quasi-hydrostatic pressure without damage 

of the specimen. The test can be performed at room temperature (RT) or at an elevated 

temperature. The ECAP is a process in which a material is deformed through simple 

shear. The sample is in the form of a bar or a rod, and made in such a way to fit within  

the  channel  (Fig. II-3(b)).  In  principle,  the  process  can  be  described  as  follows: 

(i) the sample  is  pressed  through  a  die  with  an  internal  channel  using  a  plunger; 

(ii) in the  place  where  the  channel  is  bent  through  an  abrupt  angle,  the  specimen 

is subjected  to  a  simple  shear  deformation;  (iii) the  shear  taking  place  without 

accompanying change in cross-sectional area of the sample. This procedure has to be 

executed repeatedly in order to homogenize the microstructure and to reach a desired 

level of grain refinement. 

Using these processing techniques,  the  ufg nickel  was reported  by [Zhilyaev 

et al.,2001]  [Zhilyaev et al.,2005]  [Dalla Torre et al.,2005]  [Sitarama Raju et al.,2008] 

and [Neishi et al.,2002].

(a)                                                   (b)             

Figure II-3.: (a) Schematic illustration of HPT processing [Zhilyaev et al.,2003];
(b) Schematic illustration of a typical ECAP facility [Berbon et al.,1999].
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More recently, the DPD technique also revealed its ability to achieve significant 

grain  refinement.  Figure II-4  presents  a  schematic  of  the  DPD  processing  route 

developed  by  [Abdul-Latif et al.,2009].  The  ufg microstructure  is  obtained  by 

the deformation  of  the  sample  through  the  impact  provided  by  the  dropping  mass 

at somewhat intermediate strain rates regime. The overall morphological response of 

the sample to this type of mechanical loading is characterized by a reduction in height to 

diameter  ratio  manifest  by a decrease in  height  and increase in  diameter.  The DPD 

technique was recently used to produce the  ufg microstructure of aluminum, copper 

and Cu-Ag alloy by [Zhao et al.,2005] [Li et al.,2008] [Tian et al.,2011] and [Huang et al., 

2011] in  one-step  process,  or  in  combination  with  Powder  Metallurgy  method 

by [Abdul-Latif et al.,2009] [Dirras et al.,2010]  and  [Dirras et al.,2011].  These  studies 

revealed that the strain rate, deformation temperature and  stacking fault energy (SFE) 

play a significant role in dislocation patterning which subsequently results in the formation 

of new grain boundaries during further straining. Actually, it was found that under dynamic 

loading conditions the deformed microstructure is very similar to that processed by ECAP.

The DPD method is used in this study to show that an impact-induced deformation 

is  an  effective  grain  refinement  technique  in  materials  of  intermediate  SFE  such  as  

polycrystalline nickel. A more detailed description of the DPD is given in Chapter III.3.a. 

and  Chapter V.1..

Figure II-4. Schematic illustration of DPD process.
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II.2.b.  The effect of processing route on the microstructure

The effect of the processing route on microstructural evolution has been widely 

investigated  in  recent  years.  In  the  case  of  nickel,  it  has  been  clearly  shown  that 

different  processing  routes  have  different  effects  on  the  formation  and  appearance 

of the processed  microstructure  (Figs. II-5).  For  example,  a  number  of  studies  of 

electrodeposited nickel have shown that the microstructure is composed of nanograins 

with boundaries difficult to distinguish (Fig. II-5(a)). The blurred appearance of their 

contrast gives evidence of a small misorientation of grain boundaries, and what follows 

the appearance of preferential texture. In general, reported microstructures were relaxed 

with little microstrain. The grain interior appeared to be clean and free of dislocations. 

Unwanted small voids or cavities were frequently reported. The microstructure of nickel 

processed  by  Powder  Metallurgy  techniques  is  generally  composed  of  equiaxed 

dislocation-free grains with high angle grain boundaries (HAGB) and nanotwins (NT) 

(Fig. II-5(b–c)).  The  processing  parameters  like  consolidation  temperature  and  time 

have a crucial effect on grain size and porosity in the sample. In addition, the impurities 

and/or  oxide  layers  on  the  surface  of  the  powders  may  transform  during 

the consolidation  process  into  crystalline  oxide  phase.  Typical  characteristics  of 

materials  subjected  to  the  SPD are  the  highly non-equilibrium microstructure,  high 

density of dislocations and not well-defined grain boundaries (Fig. II-5(d–e)). However, 

it  depends  on  the  history  of  the  deformation  that  the  material  has  undergone. 

Representative  microstructure  after  ECAP  consists  of  an  array  of  elongated  and 

equiaxed small grains. The complex contrast in the grain interiors indicates the presence 

of internal stresses caused by dislocations inside and near grain boundaries. The grain 

boundaries tend to be heavily distorted and not well-defined. The microstructure having 

similar  characteristics  is  processed  by the  HPT technique.  Such a  microstructure  is 

shown in Fig. II-5(d).  The dislocations  within the cells  and high dislocation density 

within the cell walls cause residual strains in the crystal structure, and what follows 

a high-energy  non-equilibrium structure.  Both  ECAP and  HPT processed  structures 

generally have HAGB. The DPD structure is reported as a non-equilibrium lamellar 

structure, perpendicular to the impact direction, and composed of dislocation cells and 

extended  dislocation  boundaries.  The  dislocation  density  is  relatively  low  within 

the cells, while cell  dislocation boundaries tend to be irregular with high dislocation 

density. A more detailed description of DPD microstructure is given in Chapter V.1.b..
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Figure II-5. TEM images of the nickel samples processed by: (a) electrodeposition  
[Dalla Torre et al.,2002]; (b) HIP [Gubicza et al.,2009]; (c) SPS [Dirras et al.,2010];  

(d) HPT - central part of the disk obtained at 1 GPa and 5 turns [Zhilyaev et al.,2001];  
(e) ECAP through eight passes at RT [Neishi et al.,2002]; (f) DPD at intermediate  

strain rate [Farbaniec et al.,2012].
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II.2.c.  Grain-size dependence of mechanical properties in nickel 

The influence of the grain size on the strengthening of nickel can be expressed 

by the Hall-Petch relationship

σ y=σ0+
k y

√d

where  σ0 is  the  friction  stress,  ky is  the  constant,  and  d is  the  average  grain  size. 

The polycrystalline materials with an average grain size in the range from a few microns 

to hundreds of nanometers show in general a linear dependence between yield strength 

and inverse square root of the grain size. However, this relationship does not always 

works when going down to the nanometer scale. Figure II-6 shows the resulting strength 

of nickel due to different processing routes. It is clearly shown that nickel produced by 

different processing routes presents different values of yield strength in a nanometer 

range of grain size. The additional strength of SPD processed nickel is contributed to 

the  deformation  microstructure  which  is  made  up  of  substructure  like  dislocation 

boundaries  and  trapped  lattice  dislocations  nearby  grain  boundaries.  The  materials 

processed by Powder Metallurgy present the additional strength contributed to the oxide 

particles. The best fitting to the classical Hall-Petch slope show materials processed by 

the electrodeposition technique where the microstructure is consisted of equiaxed grains 

surrounded by clearly etched boundaries.

Figure II-6. Hall–Petch plot for nickel processed by different processing routes.
The dashed line represents a linear fit on data taken from [Ebrahimi et al.,1999]

and [Xiao et al.,2001].
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II.3.  Deformation and fracture mechanisms

II.3.a.  The basics: Crystal structure

A crystal is a three-dimensional array of atoms forming a regular lattice. Most of 

metals are polycrystalline aggregates made up of such small crystals. Three common 

crystal structures found in metallic materials are the fcc, body-centered cubic (bcc), and 

hexagonal close-packed (hcp), shown in Fig. II-7. The experimental results show that 

plastic deformation is the result of relative motion, or slip, on specific crystallographic 

planes,  in  response to  applied shear  stresses along these planes.  Mostly,  slip  occurs 

between  the  planes  of  closest  packing.  This  is  because  the  separation  between 

close-packed planes is greater than for other crystal planes, and this makes their relative 

displacement easier.

For the case of  fcc crystals, slip occurs most often on {111} octahedral planes 

and in 〈110〉 directions that are parallel to cube face diagonals. As there are four {111} 

planes  within  a  single  fcc cell  and  three  slip  directions,  it  follows  that  there  are 

12 possible slip systems by which metal can deform. On the other hand,  bcc crystals 

contain no close-packed planes and have as many as 48 slip systems that are nearly 

close-packed. Precisely, in bcc metals slip almost always occurs in the 〈111〉 directions 

with respect to {110}, {112}, and {123} slip planes. Slip in hcp crystals is much more 

limited than in bcc and fcc crystal structures, i.e.: (i) can occur on the close-packed basal 

plane (0001) in close-packed 〈11 2̄ 0〉 directions, where the number of slip systems is 

restricted to 3; (ii) can occur on the first order prisms planes (10 1̄0) along close-packed 

Figure II-7. Diagram showing predominant slip systems in:
(a) fcc; (b) bcc; (c) hcp crystals [Hertzberg,1996].
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〈11 2̄ 0〉 directions, where the same number of slip systems is possible; (iii)  can occur 

on the pyramidal planes (10 1̄1) in close-packed 〈11 2̄0〉 directions, where the number 

of slip systems is restricted to 6. In general, the c/a ratio controls with of these slip 

families constitute the easy glide system in a given hcp crystal (Fig. II-7(c)). 

It can be roughly assumed that the capability of a material to plastically deform 

without fracturing is related to the lattice type. However, infinitely large perfect crystals 

do not exist. Polycrystalline aggregates contain several imperfections such as impurity 

atoms, geometric lattice defects, and most importantly, grain boundaries. This makes 

crystal plasticity much more complex and should be considered in a broader sense.
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II.3.b.  Dislocation-based deformation mechanisms

Dislocation-based deformation mechanisms in some manner are associated with 

crystallographic  defects.  Observations  on  the  deformation  of  crystals  show  that 

the slipping of atoms does not occur at any one time over the entire crystal plane, but by 

the  movement  of  linear  lattice  defects.  A concept  of  'dislocation' was  proposed  by 

[Taylor,1934] and [Orowan,1934].

Figure II-8(a) represents a simple atomic arrangement and bonding in a cubic 

structure. There are two extreme forms of the possible dislocation structures that can 

occur,  the  edge  dislocation  (Fig. II-8(b))  and  the  screw  dislocation  (Fig. II-8(c)). 

The edge defect is a defect where an extra half-plane of atoms is introduced mid-way 

through the crystal, distorting nearby planes of atoms. The screw dislocation is a line 

defect along which the atom arrangement is distorted like a screw thread or, in other 

words, is a line along which the crystal is sheared by one unit  cell.  However, most 

dislocations in polycrystalline aggregates exhibit characteristics of both edge and screw 

dislocations (mixed character).

Figure II-8. (a) Cubic lattice with atoms represented by black spot, and bonds between  
atoms by springs; (b) edge dislocation; (c) screw dislocation [Hull and Bacon,1965].

Dislocations in  fcc crystals may take the form of perfect or partial dislocation. 

The  displacement  and  direction  of  the  deformation  associated  with  the  perfect 

dislocation  is  defined  by  lattice  vectors  which  are  smallest  in  magnitude  (Burgers 

vectors). For  fcc metals, the smallest possible perfect-dislocation Burgers vectors are 
1
2 〈110 〉 that connect atoms to their nearest neighbors in the {111} planes. The glide of 

a dislocation with this vector leaves behind a perfect crystal. Dislocations with Burgers 

vector that are not translation vectors of the lattice are partial dislocations. In this case, 
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the  vector  is  shorter  than  a  unit  lattice  translation  vector.  Therefore,  when  atoms 

displace from one stable site to another the creation of the dislocation will cause a local 

stacking  error  on  the  slip  plane  of  the  dislocation,  the  so-called  'stacking  fault'. 

The stacking  fault  produced  by  vacancy  agglomeration  is  'intrinsic' stacking  fault, 

whereas  produced by an extra  plane  inserted at  the center  of  the fault  is  'extrinsic' 

stacking fault  (Fig. II-9).  Two of the important  partial  dislocations  are  the Shockley 

partial and the Frank partial. The Shockley partial dislocation has a Burgers vector of 

the dislocation lying in the plane of the fault, i.e., 1
6 〈112 〉 vector in the {111} planes. 

Obviously, it is a glissile dislocation and is able to glide on the slip plane. The Frank 

partial dislocations are formed by inserting or removing one close-packed {111} layer 

of  atoms  with  a  Burgers  vector 1
3 〈111〉 perpendicular  to  the  central  stacking  fault, 

resulting  in  both  stacking  faults  described  above.  The  Frank  partial  dislocation  is 

a sessile dislocation, i.e., cannot moves by glide but by the diffusion of atoms, and is 

always of edge character. More complex arrays of partials in fcc, such as extended jogs 

and stacking-fault tetrahedra are well described in the literature [Hirth and Lothe,1968]. 

It  is  important  to mention that the motion of the stacking fault  is  analyzed through 

the estimation of their intrinsic energy, named SFE.

In  other  crystallographic  structures,  such  as  bcc and  hcp,  the  dislocation 

configurations  and  fault  properties  are  mostly  analogous  to  those  in  fcc crystals. 

Nevertheless,  some  other  configurations  like  high-energy  types  of  stacking  faults 

associated with twinning in bcc, and zonal dislocation in hcp have been reported [Hirth 

and Lothe,1968].

(a)                                                                        (b)

Figure II-9. Stacking fault formed in fcc crystals: (a) intrinsic stacking fault formed by  
removing part of a close-packed lane; (b) extrinsic stacking fault formed by addition of  

a portion of an extra close-packed plane [Abbaschian et al.,2009].
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II.3.c.  Deformation twinning

Deformation twinning occurs by reorientation of the crystal  lattice by  π with 

no change in  the crystal  structure but change in  shape associated with simple shear 

[Christian and Mahajant,1995].  Figure II-10  schematically  shows  the  twin  formation 

process  by shear  and  related  twinning  mode  elements.  When  deformation  twinning 

occurs, a region of the crystal is transformed by simple shear strain γT=s/h into its twin 

(mirror)  counterpart,  with  respect  to  a  twin  plane  (K1)  and  η shear  direction 

(Fig. II-10(a)).  Consequently,  plastic  deformation  results  in  a  macroscopic  shear 

creating two crystal parts that are related by a mirror operation, where the twin plane 

lies parallel to the slip plane.

 Dealing  with  crystals  with  a  limited  number  of  slip  systems,  such  as  hcp, 

twinning  provide  additional  slip  systems  required  to  cause  further  deformation. 

However,  in  the  case  of  fcc and  bcc crystals  that  have  a  sufficient  number  of  slip 

systems, deformation twinning is also observed. For example, in fcc materials can occur 

in  two cases:  (i)  The formation  of  deformation  twins  depends  on  its  stacking fault 

energy. When the stacking fault energy is low (wider stacking faults), the deformation 

twins may appear as a supplementary deformation mechanism; (ii) Twins may nucleate 

and develop during deformation at low temperatures. More precisely, when decreasing 

temperature,  the flow stress  for slip  increases more rapidly than the flow stress  for 

twinning [Hirth and Lothe,1968].

 (a)                                                             (b)            

Figure II-10.: (a) Geometry of an unconstrained twinning process, where K1 is  
the composition plane, η is the shear direction, and γT=s/h is the unconstrained
twinning shear strain; (b) geometry of twinning in a bcc crystal [Argon,2008].
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II.3.d.  Dislocation arrays and crystal boundaries

There is no doubt that strain, strain rate, deformation temperature and SFE play 

a significant  role  in  dislocation  patterning  [Hughes and Hansen,1997] [Hughes and 

Hansen,2000] [Hughes,2002] [Dirras et al., 2010].  During  plastic  deformation  of 

metals,  the  mechanical  work  is  mostly  converted  to  heat.  That  which  remains  in 

the material is called 'stored energy', and results from the increase in dislocation density. 

In addition, the energy remains stored when the temperature during deformation is low 

enough for atoms to be immobile, i.e.,

T≤0.3Tm

where Tm is the absolute melting temperature.

Plastic deformation which is carried out in the temperature that fulfills this criterion is 

known  as  'cold-work'.  The  stored  energy  can  be  released  by  rearrangement  of 

the dislocation structure to the lower-energy dislocation boundaries. There are two types 

of  dislocation  boundaries  that  developed  at  low  and  medium strain:  Geometrically  

Necessary  Boundaries (GNBs)  and  Incidental  Dislocation  Boundaries (IDBs) 

(Fig. II-11).  The GNBs like dense dislocation walls  and micro-bands separate  initial 

grain boundary network into blocks of equiaxed cells. The trapped glide dislocations in 

the structure subordinates to the IDBs. With increasing strain, the lamellar structure with 

sandwich  cells  and  sub-grains  develop  gradually  on  the  background  of  ordinary 

dislocation cells.

Figure II-11. Schematic drawing of deformation microstructures and grain subdivision 
[Hughes and Hansen,1997].
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The SFE is closely associated with the deformation mechanisms. Therefore this 

intrinsic  parameter  has  an  influence  on  the  evolution  of  dislocation  structures. 

Figure II-12  presents  the  Transmission  Electron  Microscope (TEM)  micrographs  of 

deformed microstructures with different SFE. In high SFE fcc metals (e.g., aluminum), 

the dislocations  are  concentrated  in  cell  boundaries  and  not  within  the  cell 

[Ito et al.,2009] [Sun et al.,2000]. Medium or low SFE materials, such as copper, store 

a high density of dislocations in the cell interiors [Hebesberger et al.,2005] [Dobatkin 

et al.,2007].

Figure II-12. TEM images of deformed Cu [Li et al.,2009], Ni [this study],
and Al [Dirras et al.,2010] and related SFE.

 The  deformation  temperature  essentially  affects  dislocation  mobility  as  well 

[Huang et al.,2011] [Li et al.,2008]. Plastic deformation at RT promotes movement of 

dislocations,  while  at  low  temperature  (i.e., cryogenic  temperature)  the  dislocation 

activity is difficult and the larger probability of twinning. The combined effect of strain 

rate  and  deformation  temperature  on  the  microstructure  evolution  during  plastic 

deformation can be expressed by the so-called 'Zener-Hollomon parameter' [Zener and 

Hollomon,1944]

Z=ε̇×exp[ Q
RT ]

where ε̇  is the strain rate, Q is the activation energy of the mechanism controlling the 

rate of deformation, T is the absolute temperature, and R is the universal gas constant. 

The  deformed  microstructure  at  different  strain  rates  and  temperatures 

is presented  in  Fig. II-13.  High  strain  rate  and  low  deformation  temperature 

(corresponding to high  Z value) effectively suppress the annihilation of dislocations, 

resulting  in  grain  refinement  by  formation  of  new  boundaries  from  dislocations. 
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Contrariwise,  deformation conditions corresponding to lower  Z values lead to lower 

dislocation density, and consequently to lower amount of grain boundaries and larger 

grains [Li et al.,2009]. 

Figure II-13. TEM images of the deformed Cu microstructure with a strain of ε = 2.0:  
(a1) RT–QSC2; (a2) RT–DPD; (a3) DIT–DPD; and (a4) LNT–DPD, where:

RT – room temperature; QSC2  – quasi-statically compressed with nominal strain rates  
of 10-1s-1; DPD – Dynamic Plastic Deformation; DIT – dry-ice temperature;

LNT – liquid nitrogen temperature [Li et al.,2009].
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II.3.e.  Fracture

Dislocation and fracture

As described in the previous sections, both dislocation slip and twinning play 

an important role in the flow behavior. Obviously, both affect the fracture behavior. It is 

considered that crack tip and surface imperfections are potential sources of dislocations. 

When  the  fracture  occurs,  dislocation  activities  near  the  tip  of  a  crack  determine 

the behavior of the material,  whether ductile or brittle.  For example,  if a significant 

emission of dislocations at the crack tip takes place, the yield zone ahead of the crack 

leads to a blunt crack tip, and consequently to extensive plastic flow. This behavior 

attributed to ductile materials is very common for fcc crystal structures. Consequently, 

the brittle behavior is linked to materials: (i) with a limited number of slip systems; 

(ii) when  the  high  friction  stress  is  required  to  move  dislocations;  (iii)  when 

the recovery of  dislocation  structure  is  difficult.  Furthermore,  in  low SFE materials 

dislocation  activities  are  limited,  and  consequently  they  have  a  tendency  to  shear 

localization  and  brittle  failure.  However,  many  materials  exhibit  a  brittle-to-ductile 

transition and yield stress dependent on temperature. This is typical for the bcc crystal 

structures,  where  lowering  the  temperature  reduces  the  available  number  of  slip 

systems. Increasing temperature allows more slip systems to operate, and consequently 

favor plastic deformation.  Conventional  fcc metals  do not  exhibit  a ductile-to-brittle 

transition.

Ductile fracture

Commercial crystalline metallic materials always contain a number of second 

phase particles or inclusions within the grains or at the grain boundaries. Their sizes 

vary  from  tens  of  nanometers  to  a  few  hundred  micrometers,  and  intentionally 

introduced into material can enhance physical properties. Under loading, the fracture 

and/or debonding of particles causes the formation of pores or voids. Therefore, under 

such circumstances, a ductile fracture mechanism is a multiple-step process controlled 

by nucleation, growth and coalescence of microvoids. 
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Figure II-14. Schematic of ductile fracture by void 
(1) nucleation, (2) growth and (3) coalescence.

A schematic of ductile fracture by void coalescence is presented in Fig. II-14. 

First, void nucleation primarily occurs either by debonding or cracking of inclusions. 

Nucleated voids grow in a stable manner,  because of plastic straining of the matrix 

material,  until  at  some  critical  locations  coalescence  takes  place  and  microcracks 

propagate  leading  to  failure  [Puttick,1959] [Garrison and Moody,1987] [Benzerga and 

Benzerga,2010]. Nevertheless, microvoids nucleate at various internal discontinuities. 

Many materials contain bimodal or trimodal distribution of second phase particles and 

inclusions.  If  they are well  bonded to the matrix material,  the fracture often occurs 

shortly after voids nucleate. 

This microvoid coalescence process results in a dimples on the fracture surface, 

where dimple shape is strongly influenced by the type of loading. For example, the final 

overall appearance of the broken tensile bar is usually in the form of  'cup and cone', 

where 'cup' appear as a flat fracture and 'cone' is represented by shear lips. The fracture 

developed  by the  void  linking  process  in  the  center  of  the  specimen  gives  rise  to 

elongated dimples in the direction of deformation, whereas at the early stage of void 

growth equiaxed dimples are observed. The outer  'cone' developed by a shearing-off 

process at the surface, which is associated with low triaxial stress in this region, leads to 

elongated dimples that point in opposite directions on matching fracture surfaces. 
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Cleavage fracture

The  term  'cleavage  fracture' means  material  separation  that  takes  place  by 

breaking atomic bonds along well-defined crystallographic planes.  The fracture goes 

through the grain of the material and the cleavage planes are those with the fewer bonds 

and the greater distances between the planes, e.g., the preferred cleavage planes in bcc 

metals are {100} planes.  However,  polycrystalline materials are composed of grains 

more or less randomly oriented with respect to each other. Therefore, the propagating 

crack changes direction each time it crosses a grain boundary since the cleavage plane 

of one grain is in general not aligned with that of its neighbor. 

The probability of cleavage increased whenever plastic flow is restricted, which 

is the case of bcc and hcp structures. It may be brittle, but it can be proceeded by plastic 

deformation  as  well  (e.g.,  temperature  dependent  bcc metals).  The  characteristic 

features accompanying cleavage, such as river patterns or chevron markings are shown 

in Fig. II-15. In short, the river patterns are caused by the merging of several cleavage 

steps  in  the  vicinity  of  grain  boundaries.  The chevron markings  are  microstructural 

features that point back to the origin of the flaw responsible for the fracture initiation. 

Such a crack propagation resulted in the highly reflective faceted fracture surfaces, with 

a shiny appearance. However, the typical pure cleavage is rare because of precipitates 

and particles within the microstructure which make the fracture process more complex. 

Figure II-15. Schematic showing the effect of a grain boundary to cause re-initiation of  
the cleavage crack [Janssen et al.,2002].
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II.3.f.  Nanoscale mechanisms of deformation and fracture

Deformation  mechanisms  of  polycrystalline  metals  with  grain  sizes  in 

the nanometer  range  deviate  slightly  from  those  for  conventional  grain  size 

counterparts; furthermore, they significantly affect the unique mechanical properties of 

ng materials,  i.e.,  high  strength.  This  issue  is  further  complicated  by  the  'inverse 

Hall-Petch' phenomenon observed in some studies. Several deformation mechanisms 

have been proposed to explain the mechanical behavior of nanostructured materials, and 

some of them are outlined below.

The classic Hall-Petch relationship holds well for grain sizes larger than about 

a micron. The traditional explanation of the phenomena is the concept of dislocation 

pile-ups  in  crystals.  Consider  a  dislocation source which emits  a  number of similar 

dislocations gliding in a common slip plane,  and driven barrier by an applied stress 

towards  such  as  grain  boundary  or  sessile  dislocation  configuration.  Then, 

the dislocations  pile-up  behind  the  leading  dislocation  with  decreasing  spacing  to 

the front, and interact elastically. Assuming fixed stress level and decreasing grain size, 

the  number  of  dislocations  piled-up  against  a  barrier  decreases.  To  keep  a  similar 

number of dislocations with decreasing grain size it is necessary to increase stress level. 

Consequently, there is a critical grain size (with one dislocation at pile-up) inducing 

a saturation  of  the  stress  that  break  down  Hall-Petch  law,  and  activates  other 

deformation mechanisms [Meyers et al.,2006]. 

The grain boundary sliding is found to be an important mode of deformation 

when the grains  are  very small  (mostly below 50 nm).  This is  because of the grain 

boundaries that are very short, and the amount of their triple junctions is relatively large. 

A triple junctions play a role of geometrical obstacles in this  mode, since the grain 

boundaries  change  on  them  the  orientation  of  their  planes.  Figure II-16  presents 

different grain boundary sliding mechanisms at triple junctions, particularly:

(i) Fig. II-16(b): Non-accommodated grain-boundary sliding, where stored dislocations 

can  converge  at  triple  junction  which  thereby accumulate  dislocations  with  Burgers 

vector larger than for crystal lattice;

(ii) Fig. II-16(c): Diffusional accommodation that occurs by transport of material either 

along the grain boundaries or through the lattices of grains;

(iii) Fig. II-16(d): Grain boundary sliding accompanied by crystallographic slip within 

the grains;
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(iv) Fig. II-16(e):  Grain  boundary  sliding  accompanied  by  local  migration  of  grain 

boundaries and their triple junctions;

(v) Fig. II-16(f) Grain boundary sliding accompanied by crystal lattice rotation.

Figure II-16. Grain boundary sliding in ng polycrystalline materials:
(a) Before deformation; (b) Non-accommodated sliding with interpenetration and void  

formation; (c) diffusional accommodation; (d) lattice slip accommodation;
(e) accommodation by local migration of grain boundaries; (f) accommodation by  

crystal lattice rotations [Koch et al., 2007].

Direct observations of nanometer-scale grains show that the grain coalescence 

during plastic deformation can appear along directions of shear as a consequence of 

grains  rotation  [Jia et al.,2001] [Wang et al.,2002].  In  short,  two  neighboring  grains 

might  rotate in such a way that their  crystallographic orientations are close to each 

other.  As  the  orientations  converge,  the  grain  boundary  might  be  eliminated  and 

the possibility for the dislocation motion increase. The softening and localization are 

the consequences of this mechanism.

The  ng materials often do not show homogeneous plastic flow under external 

strain. The deformation is rather localized in narrow regions, the so-called 'shear bands'. 
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This has been correlated to the low strain-hardening capacity of these materials, where 

the ability to work harden by the increase in dislocation density is significantly reduced. 

Therefore, in response to applied external force, the material forms continuous bands 

oriented approximately at 45º to the stress axis, in which the local strain-rate exceeds 

significantly the macroscopic strain-rate.

Deformation  twinning  in  ng materials,  predicted  by  electron  microscopy 

observations and molecular dynamic simulations, has been reported as different from 

that in conventional grain size metals. The most striking example is the occurrence of 

twinning in many fcc metals which do not exhibit deformation twinning in conventional 

grain size form, e.g., aluminum [Chen et al.,2003]. So far, three twinning mechanisms 

have been identified:

(i)  homogeneous twinning inside nano-sized grains by overlapping of  stacking fault 

ribbons formed by the dissociation of dislocations emitted from grain boundaries;

(ii) heterogeneous twinning from grain boundaries by partial dislocation emission;

(iii) twin lamella formation via dissociation and migration of grain boundary segments.

Fracture behavior of ng materials is still not well understood. Most ng materials 

show  a  lack  of  strain  hardening  capability  and  small  tensile  elongation.  Such 

a macroscopic  rather  brittle  behavior  was  observed  in  ng nickel,  which  is  very 

ductile in its  annealed  and  coarse-grained  form.  However,  the  fracture  surface 

observations of ng nickel show similar ductile failure behavior under tensile [Kumar 

et al.,2003] [Dalla Torre et al.,2002] [Schwaiger et al.,2003].  In  general,  the  fracture 

mechanisms  of  ng materials  are  a  combination  of:  (i)  dislocation  mobility;  (ii) 

nucleation of microvoids at triple junctions or grain boundaries; (iii) localized rupture. 

Although  it  should  be  noted  that  materials  with  extremely  small  grains  or  porous 

ng materials exhibit mostly brittle behavior.
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II.4.  Numerical modeling of deformation and fracture

II.4.a.  Crystal plasticity-based constitutive modeling

Understanding the plasticity and strength of polycrystalline aggregates in terms 

of the crystallographic deformation mechanisms has been a goal of materials research in 

the last few decades. Plastic deformation of crystalline materials is mostly carried out by 

the  motion  of  dislocations  followed  by  lattice  rotation.  As  a  result,  a  non-random 

distribution  of  the  crystallographic  orientations  and  complex  dislocation  structures 

in the  material  are  developed.  The  resulting  deformation  texture  (preferred 

crystallographic  orientation)  influences  yield  behavior  and  cause  anisotropic  plastic 

response.  Crystal  plasticity-based models  allow to solve this  complex problem from 

the behavior of individual grains. Typically, the models consist of (i) physically based 

constitutive equations for the plastic behavior of single crystals, and (ii) effective mean 

field hypothesis which combines the microscopic behavior of individual crystals and 

the macroscopic stress – strain response.

First,  the  fully-constrained  model  to  predict  the  stress – strain  relation  of 

fcc polycrystalline  metals  subjected  to  large  plastic  strains  was pioneered  by Taylor 

[Taylor,1938]. The model assumed a uniform plastic strain in the aggregate of randomly 

oriented grains, what fulfill compatibility criteria between the grains, but does not meet 

the equilibrium of the stress across the grain boundaries. The proposed plasticity was 

rate-independent  with  isotropic  hardening.  The  model  was  further  developed  by 

(i) Bishop and Hill [Bishop and Hill,1951] for multi-axial stress states, (ii) Payne and 

co-workers to elastic-plastic deformations [Payne et al.,1958], (iii) Hutchinson to visco-

plastic deformations [Hutchinson,1964], and Asaro and Needleman to rate-dependent 

elastic-viscoplastic deformations [Asaro and Needleman,1985].

The modeling of polycrystalline materials has been improved by 'self-consistent  

models' developed  extensively  since  1960s.  In  these  models  both  equilibrium  and 

compatibility  are  fulfilled  as  the  average  because  of  the  grains  that  are  treated  as 

inclusions in the polycrystalline matrix. The first models were proposed by (i) Kroner 

[Kroner,1961] and Budiansky and Wu [Budiansky and Wu,1962] inspired by the work 

of Eshelby for an ellipsoidal inclusion in an infinite elastic medium [Eshelby,1958], 

(ii) Hill for small elastic-plastic deformations in the form of incremental self-consistent 
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rate-insensitive model [Hill,1965], (iii) Iwakuma and Nemat-Nasser as an extension of 

Hill's model for large elastic-plastic deformations [Iwakuma and Nemat-Nasser,1984]. 

More  recently,  a  visco-plastic  self-consistent  anisotropic  approach  was  proposed by 

Lebensohn and co-workers [Lebensohn and Tome,1993] [Lebensohn et al.,1998].

Currently, the  Crystal Plasticity Finite Element Method is extensively used to 

simulate  the  mechanical  response  of  crystalline  materials  from  single  crystals  to 

complex structures. Here,  Finite Element Method (FEM) provides a numerical means 

to solve  the  field  equations  of  elasticity  or  plasticity,  while  crystal  plasticity-based 

theory  provides  a  model  for  plastic  flow.  A  main  advantage  of  this  method  is 

the possibility  to  combine  a  variety  of  mechanical  effects  under  complicated 

internal and/or  external  boundary  conditions.  The  method  can  be  used  for 

small-scale  applications  (e.g., damage  initiation)  and  large-scale  simulations  (e.g., 

texture  evolution)  [Dawson et al.,1994].  The  essential  studies  for  this  method  were 

presented by (i) Peirce and co-workers for a tensile behavior of a single crystal with two 

symmetric  slip  systems  [Peirce  et  al.,1982],  (ii)  Harren  and  co-workers  for  2D 

polycrystalline aggregate with two and three slip systems [Harren et al.,1988] [Harren et 

al.,1989],  (iii)  Becker  for  three-dimensional  fcc single  crystal  and  polycrystalline 

aggregate with 12 slip systems [Becker,1991a] [Becker,1991b]. Nevertheless, the finite 

element formulation for polycrystal plasticity is expensive in terms of computing.

Particular  attention  was  recently  paid  to  an  alternative  and  very  efficient 

formulation, the so-called Crystal Plasticity Fast Fourier Transform. This efficiency is 

related to the repetitive use of the FFT algorithm without the time-consuming inversion 

of large matrices, as in the case of FEM. The method based on work of Suquet and 

co-workers  for  linear  and  nonlinear  composites  [Moulinec and Suquet,1998] [Michel 

et al.,2000],  and  the  first  crystal  plasticity  formulation  was  proposed by Lebensohn 

[Lebensohn,2001]. Chapter IV.1. provides detailed description of the methodology used 

in this study.
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II.4.b.  Local approach to fracture

The LAF is an alternative methodology aimed to calculate macroscopic fracture 

properties  based  on  local  stress – strain  fields  at  the  fracture  site.  The  property  of 

interests  here,  fracture  toughness,  is  estimated  based on local  fracture  criteria  from 

tested  specimens  (i.e., notched  specimens)  and  then  applied  to  determine  the  crack 

resistance  curve.  The  LAF can  be  used  to  solve  the  problems  of  ductile  or  brittle 

fracture. For comparison, the global approach measure the fracture resistance as a single 

parameter,  e.g.,:  KIc,  JIc or  CTOD. It  based on linear elastic fracture mechanics and 

elastic-plastic  fracture  mechanics.  However,  in  case  of  insufficient  quantity  of 

the material, the specimen size requirements are problematic (what is not the case in the 

LAF). In addition, it has some limitations for large scale yielding conditions for short 

crack  configurations,  and  when  non  isothermal  conditions  are  encountered. 

Nevertheless, both are more complementary than contradictory.

In CDM, the issue of the LAF can be described as follows. Consider a body B 

with evenly distributed voids throughout the volume (Fig. II-17(a)). Material point P of 

the body at  x is associated with a  Representative Volume Element (RVE). The damage 

state in the RVE is expressed by damage variable D(x), where 0≤|D|≤Dcr. Subsequently, 

the  following  procedure  for  damage  and  fracture  caused  by the  evolution  of  voids 

may be  defined  [Hayhurst,1984]  [Lemaitre,1986]  [Chaboche,1988]:  (i)  definition  of 

the damage  variable  constituted  the  damage  via  microscopic  defects  that  represents 

mechanical effects; (ii) formulation of the damage evolution equation; (iii) formulation 

of the constitutive equations, which specify the mechanical behavior; (iv) solution to 

the given initial-boundary value problem. Figure II-17(b) shows the volume of damaged 

material  with a crack.  The crack is represented by a group of material  elements for 

which |D|=Dcr. Remaining points that surround the crack own a damage state described 

by the damage field (e.g., D(x) for the point x). Based on the procedure presented above, 

the evolution of damage and crack growth can be determined by calculating the states of 

stress and strain [Marakami and Liu,1996]. The first implementation of the LAF based 

on CDM and FEM was presented by [Hayhurst,1984] for the creep fracture. Currently, 

is  widely  used  in  such  problems  as  brittle  and  ductile  fracture,  or  fatigue  [Berdin 

et al.,2004].
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(a)                                                           (b)

Figure II-17. Representative volume element (a) and damage field (b)
in the local approach to fracture [Marakami and Liu,1996].

A history of the development of computational models for fracture process in 

ductile solids incorporating void evolution dates back to the 1960s [McClintock,1968] 

[Rice and Tracey,1969]. In the continuum-mechanics framework, the model developed 

by Gurson [Gurson,1977] has received considerable attention. A detailed description of 

the Gurson model is presented in Chapter IV.2.. The proposed yield condition of solids 

takes account of void shape as a variable employed for the modeling of ductile fracture. 

Numerous modifications and extensions leading to improvements in the model have 

been proposed in recent years. Tvergaard [Tvergaard,1981] [Tvergaard,1982] introduces 

two factors,  q1 and  q2, for adapting model predictions to numerical results of periodic 

arrays of voids in hardening materials. The values of q-parameters have been studied 

extensively  in  the  literature  to  provide  better  agreement  with  numerical  results 

[Koplik and Needleman,1988]  [Brocks et al.,1995]  [Faleskog et al.,1998]  [Gao et al., 

1998] [Kim et al.,2004].  The  basic  model  was  able  to  simulate  void  nucleation  and 

dilation.  Therefore,  a  critical  void  volume  fraction,  fc, has  been  introduced  into 

the model as an empirical criterion to predict void coalescence. This material dependent 

parameter used to be chosen in advance or fitted based on the tensile response assuming 

a constant value [Koplik and Needleman,1984]. More recently, it has been shown that 

the  fc value is dependent of stress triaxiality and initial porosity/void volume fraction 

[Koplik and Needleman,1988] [Kim et al.,2004] [Zhang et al.,2000].
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III.1.  Outline of experimental program

This  chapter  presents  the  experimental  setup  used  to  characterize  both 

microstructural  and  mechanical  properties  of  the  materials  of  interest  here. 

The investigated  materials  are  described  in  the  first  part.  The  description  of  the 

geometry and nomenclature of the test specimens continuing this chapter. Subsequently, 

each testing technique is described in detail in the following subsections. The chapter 

ends  with  the  description  of  the  microstructure  characterization  and  related  sample 

preparation techniques.
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III.2.  Investigated materials

Three ufg materials consisting of two nickel and one steel were evaluated at RT. 

The first material used for the DPD tests was conventional 98.4 wt% purity nickel with 

the major impurities given in Table III-1. It was supplied by the manufacturer in bar 

form  having  a  diameter  of  9.5  mm.  The  material  before  testing  was  annealed  in 

an electrical  air-circulating  furnace  Carbolite  HRF  7/45 type  at  750ºC  for  1  hour 

followed by air cooling.

Elements [wt% max.]

Cu Fe Mg Mn Si Ti C S

0.25 0.4 0.2 0.35 0.15 0.1 0.15 0.01

Table III-1. Chemical composition of the nickel material studied by DPD testing.

The second material employed for smooth and notched tensile testing program 

was  commercial  electrolytic  nickel  with  a  minimum  purity  level  of  99.97 wt%. 

The nominal composition is shown in Table III-2. It was supplied by the manufacturer 

in the plate of 10 mm thickness. The microstructure was composed of fine equiaxed 

grains with an average grain size of approximately 5 μm.

Elements [wt% max.]

Co Cu Zn Fe P C S Pb

0.0003 0.0010 0.0005 0.003 0.0002 0.005 0.0005 0.0001

Table III-2. Chemical composition of the nickel material studied by tensile testing.

The  third  investigated  material  used  in  the  LAF  program  was  a  steel. 

The nominal composition of the material as supplied by the manufacturer is shown in 

Table III-3.  The  material  was  manufactured  from  rolled  billet  and  processed  to 

a cylindrical shape for special applications of the Nexter Munitions. The microstructure 

consists of fine tempered martensite with an average grain size of approximately 2 μm.

Elements [wt% max.]

C Si Mn Ni Cr Mo Cu S P Al

0.41 0.25 0.94 0.26 0.46 0.18 0.23 0.03 0.02 0.04

Table III-3. Chemical composition of the steel.
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III.3.  Selection and preparation of specimen geometry

III.3.a.  Dynamic Plastic Deformation specimens

Cylindrical specimens were machined from the supplied bar to a diameter of 

9.5 mm and a height of 16 mm. The height to diameter ratio of 1.68 permitted to avoid 

buckling. The specimens were machined to ensure parallelism between the cylinder axis 

and the impact axis.

III.3.b.  Micro-compression specimens

The machined small-size compression specimens were large enough to contain 

a statistically  representative  information  about  the  microstructure.  The  specimens 

having  dimensions  of  2 mm  2 mm  3.2 mm  were  cut  radially  from  the  center 

(volume 1 in Fig. III-1) and the edge (volume 2 in Fig. III-1) of the impacted disc. 

Moreover,  the  compression  axis  was  prepared  so  that  the  orientation  was  parallel 

(V samples)  and  perpendicular  (H samples)  to  the  initial  impact  direction  (X3 axis). 

Therefore,  the  notations  used  in  compression  tests  represent  the  position  and 

relationship  between  compression  and  impact  axes.  For  instance,  H1  denotes 

the specimen cut from the center with perpendicular axis to the initial impact.

Figure III-1. DPD specimen and adopted coordinate system (the large arrow indicates  
the direction of impact). On the right side, the positions of the compression specimens  

(the arrows indicate directions of the subsequent quasi-static compression tests).
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III.3.c.  Smooth and notched tensile specimens

a) polycrystalline nickel

In the case of the electrolytic nickel, the specimens were machined transversely 

to  the  plate.  The  transverse  axis  of  the  tensile  specimens  was  kept  the  same. 

The nominal dimensions and nomenclature of the specimens are shown in  Fig. III-2. 

Two approaches for the specimen geometry were used to obtain a wide range of stress 

triaxiality  conditions.  In  the  first  case,  all  specimens had the  same diameter  D1 of 

minimum cross section and the same outer diameter  D2; the radius of curvature  R of 

the notch root varied from 0.3 to 4 mm. The description 'Configuration I' was adopted 

for  this  case.  In  the  second  experimental  procedure,  referred  as  'Configuration  II', 

the radius  R and  the  outer  diameter  D2 were  constant  and  the  diameter  D1 varied 

from 4 to 6 mm. The experimental study was supplemented by testing plain specimens 

with gauge diameter of 4 mm. A total  of two tests  for each type of geometry were 

conducted. In order to provide a link between ductile failure mechanisms and damage 

parameters  in  a  numerical  procedure,  RT  tensile  tests  were  done  using  small-size 

in situ specimens. The geometry of the specimens is given in Fig. III-2.

Figure III-2. Nomenclature and dimensions of nickel tensile specimens.
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b) steel

For the investigated steel, minor changes concerning the radius R of the tensile 

specimens  were  made  (Fig. III-3).  The  tensile  specimens  were  machined  from 

the shaped  material  at  a  given  radial  and  axial  location,  consequently  providing 

the same  processing  history.  A total  of  three  tests  for  each  type  of  geometry  were 

conducted. A photograph of the complete set of specimens with different notch radius is 

shown in Fig. III-4.

Figure III-3. Nomenclature and dimensions of steel tensile specimens.

Figure III-4. Photograph showing the complete set of tensile specimens (steel).
The specimens starting from the left: (1) smooth; (2) D4R4.0; (3) D4R1.25;

(4) D4R0.3; (5) D6R1.25; (6) D5R1.25.
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III.3.d.  Compact tension specimens

The specimens were cut down by spark erosion machine and had the dimensions 

shown  in  Fig. III-5.  The  surfaces  were  ground  and  polished  within  the  tolerances 

allowed in the ASTM E 1820 standard. All specimens had the same planar dimension W, 

while the thickness B was different in each case (Tab. III-4). The machined notch root 

radius was about 0.3 mm. The fatigue cracking was done with compression and tension 

cycling  in  two  steps  under  load  control.  First,  the  specimens  were  subjected  to 

compression – compression fatigue loading to initiate the fatigued crack in the plane of 

the notch. In the second step, the continuous tension – tension cycling loading was used 

and the propagation of the crack was systematically controlled during the test by optical 

microscope observations. The total number of cycles used to grow the required fatigue 

crack varied from 280 000 to 863 000, with an average of 477 000. The attachable knife 

edges were fixed such that the 3 mm holes were drilled and tapped 10 mm apart across 

the center  line of  the notch.  After  pre-cracking,  the side groove was machined into 

the thick specimens to ensure planar crack propagation during the tests.

Figure III-5. Nomenclature and dimensions of the CT specimens [ASTM E 1820].

ID W B BN Side grove

1

30 25

15 10

2 20 5

3 25 -

Table III-4. Dimensions of the CT specimens in mm.
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III.4.  Dynamic Plastic Deformation test

The DPD tests  were performed using a six-meters-height dynamic drop mass 

bench test machine [Abdul-Latif  et al.,2009].  The testing apparatus ensured collinear 

impacts of an almost free falling mass on to specimens. The impactor weighing 45 kg 

was dropped from a height of 5.5 m to generate an impact speed of 10 m s-1 and 2.42 kJ 

of  the  total  impact  energy.  The energy was  absorbed by the  plastic  deformation  of 

the specimen with an average strain rate of 3.3  102 s-1. The axial force was monitored 

and  recorded  by  the  dynamic  load  cell  with  a  maximum  capacity  of  20  tons. 

The displacement was measured by M5L series Bullier International laser displacement 

sensor and accelerometer capable of measuring accelerations up to 5000 g, where g is 

the  acceleration  due  to  gravity.  The  laser  beam  displacement  transducer  measured 

a distance of 100 mm. A high-speed data acquisition system with simultaneous sampling 

rates  up  to  2.5 MHz  controlled  the  recorded  deceleration  of  the  impactor  during 

the impact  and the corresponding force transmitted through the specimen.  A pair  of 

photocells provided signals for synchronizing data acquisition.

III.5.  Compact Tension test

The tests were performed by using the test Standard E1820 – 11. The specimens were 

tested  at  RT using  the  Instron  8033  hydraulic  universal  test  machine  with  a  load 

capacity of 240 kN. The static tests were performed under load control, with a load rate 

of 50 N s-1. The magnitude of load line displacement was monitored by a crack opening 

displacement gauge of 10 mm gauge length mounted on the knife edges. All specimens 

during the tests were manually cycled (load – unload) a few times up to failure. The 

tests were controlled through a computer attached to the machine. Output data from load 

and extensometer  were recorded at  programmed time intervals  throughout  the tests. 

The mode I stress intensity factors were determined from the load – displacement plots 

in accordance with the standard. After fracture, the crack length was measured using 

an optical microscope. The distance from the edge of the specimen to the fatigue crack 

tip  was  measured  at  nine  positions,  and  the  average  of  these  measurements  gave 

the crack length. Finally, the specimens were examined to identify the failure.
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III.6.  Micro-compression test

A Deben MICROTEST tensile/compression/bending stage (Deben UK Ltd.) was 

used  with  the  load  cell  measuring  the  force up to  5 kN (Fig. III-6).  The  stage  had 

a linear  scale  with  a  resistive  extensometer  for  accurate  elongation  measurements. 

The speed  of  the  motor  was  measured  by  means  of  an  optical  encoder.  The  data 

acquisition  software  registered  force  and  extension  measurements.  The  mechanical 

properties  were determined by the uniaxial  compression/tensile  tests  conducted  at  a 

strain rate of 2  10-3 s-1 and at RT. 

Figure III-6. Deben MICROTEST tensile/compression/bending stage [Deben UK Ltd.].

III.7.  Tensile test

The  tests  were  carried  out  on  a  Wolpert-Werke  Testatron  machine  with 

a capacity of 50 kN in speed control mode. The displacement rate of 0.016 mm s-1 gave 

a quasi-static  strain  rate  regime  of  1.5  10-3 s-1.  The  longitudinal  deformation  of 

the specimens was measured using a strain gauge extensometer of 10 mm gauge length. 

Force and length changes were continuously recorded as a function of time. The change 

in the diameter of the specimen was recorded at constant displacement increment using 

a video digital camera. The tests were executed at RT.
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III.8.  Sample preparation for microscopy

III.8.a.  Case of Dynamic Plastic Deformation samples

Transverse cross-sections (X2 – X3 plane) of the deformed samples were cut and 

metallographically  prepared  to  polish.  Mechanical  polishing  was  followed  by 

an electropolishing procedure in an A2 electrolytic solution at RT using a Tenupol® 

electropolishing  apparatus  from  Struers.  Finally,  the  specimens  were  attached  to 

the aluminum stub using silver  paint.  The above mentioned procedure was used for 

material  characterization  techniques  such  as  Electron  Backscattering  Diffraction 

(EBSD), X-ray Diffraction (XRD) and X-ray Line Profile Analysis (XLPA). 

Foils for TEM were taken from the X2 – X3 plane. Discs of 3 mm diameter were 

ground to a thickness of 0.05 mm and ion-beam thinned using a Gatan™ precision ion 

polishing system (PIPS) with a current of 0.5 mA and a voltage of 15 kV. 

III.8.b.  Case of Tensile and Compact Tension specimens

All fracture surfaces were observed by the Scanning Electron Microscope (SEM) 

in  a  short  time after  the  tests.  Tested  specimens  were  stored  in  dry plastic  bags  to 

prevent atmospheric deterioration of the fractured surfaces ingress of dirt.

One of the in situ small-size tensile test of nickel was stopped once the ultimate 

resistance  of  the  specimen  was  reached,  at  which  point  the  load  was  completely 

removed to preserve the specimen. Subsequently, the gauge section of the specimen was 

repeatedly mechanically polished down and observed by the SEM.
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III.9.  Material characterization techniques

III.9.a.  Scanning electron microscopy

The SEM is a microscope that uses a focused beam of high-energy electrons 

instead  of  light  to  form  an  image.  The  electron  beam is  produced  by  the  source, 

accelerated in an electric filed and focused by lenses to a spot. The electrons interact 

with  the  atoms  of  the  investigated  sample  producing  large  numbers  of  signals 

(Fig. III-7). The incident primary electrons undergo two types of scattering utilized to 

form  an  image:  elastic  and  inelastic.  Elastic  scattering  changes  the  trajectory  of 

the incoming beam electrons without significant change in their kinetic energy (called 

back-scattered electrons). The inelastic interaction is responsible for the production of 

secondary  electrons  (with  energies  lower  than  50eV)  and  it  takes  place  between 

the incident electrons and atoms of the sample. Other signals accompanied interactions 

are:  characteristic x-rays,  Auger electrons,  and cathodoluminescence.  The interaction 

volume  depends  on  the  electron's  landing  energy  and  the  nature  of  the  specimen, 

i.e., density  and  atomic  number.  The  resulting  distribution  map  of  the  intensity  of 

the signal being emitted from each positions of the beam on the scanned area build 

the digital image [Zhou,2006]. 

Figure III-7. Illustration of signals generated by the electron beam – specimen 
interaction and the regions from which the signals can be detected [Zhou,2006].

In  this  study,  Zeiss  Supra  40VP  Scanning  Electron  Microscope with  Field 

Emission cathode was used. The microscope was capable of producing precise images 

with ultimate resolution at high energies below 1.2 nm. The microscope was equipped 
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with  a  GEMINI  electron-optics  column,  oil-free  vacuum  system,  variable  pressure 

operating mode, and motorized stage with 5-axis control. The microscope had several 

detectors therein In-lens secondary electrons detector (In-Lens) and Everhart-Thornley 

secondary  electrons  detector  (SE2)  used  in  this  study  for  imaging  and  analysis  of 

fracture surfaces.

III.9.b.  Electron Back-scatter Diffraction analysis

The  EBSD  is  a  technique  based  on  Scanning  Electron  Microscopy.  This 

near-surface  technique  allows  the  measurement  of  microstructure-level  orientation 

information, whether grain boundary characterization or phase identification. Briefly, 

the  specimen  within  the  SEM  chamber  is  positioned  in  such  a  way  that between 

the specimen surface and electron beam is an angle of 20º. This operation increases 

the amount  of  back-scattered  electrons  that  can  be  detected  by  the  detector. 

The resulting diffraction pattern (Fig. III-8) provides information needed to determine 

crystallographic orientation. 

Figure III-8. EBSD Kikuchi pattern of nickel, 20 kV accelerating voltage.

The following EBSD experimental set up was used in this study. The samples 

were tilted in the chamber at  70° to increase electron scattering yield.  The electron 

accelerating voltage in these experiments was of the order of 20 kV. Automated EBSD 

scans of DPD processed nickel were performed with a step size of 0.35 μm and 0.1 μm 

for the specimen before and after impact, respectively. The EBSD crystal orientation 

results  were  analyzed  with  OIM™  Data  Analysis  software (version  4) from 

TexSem Laboratories.  The  software   enables  to  visualize  the  spatial  distribution  of 

crystallographic orientations, and analyze local texture and grain boundary structure. 

Captured patterns have been used to determine crystal orientation map, average grain 

size, character of grain boundaries and Taylor factors.
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III.9.c.  Transmission electron microscopy

The TEM, like the SEM, is a microscope that uses an electron beam to probe 

an ultra thin material. In order to get the signal out of the specimen the emitted electrons 

cover  the distance from the source to  the final  image screen in  the following way: 

(i) the electron  beam  go  through  magnetic  lenses  that  focus  beam  on  the  sample; 

(ii) when  electrons  passes  through  the  specimen  some  of  them  are  scattered  and 

remainder are focused by the objective lens and form diffraction in the back focal plane 

and the 'shadow image' of the sample on the fluorescent screen; (iii) additional lenses, 

i.e., intermediate lens and projector lens, are used to control the image or diffraction 

pattern that appears. Contrast image formation depends on the mode of operation that is 

linked with the selected transmitted beam (Fig. III-9). When the image is formed by 

using direct  beam the resultant  image is  called bright  field image and the mode of 

operation is bright field imaging. If the some or all of the scattered electrons are selected 

then the operating mode is dark field imaging.  

Figure III-9. Bright and dark field modes for imaging.

In  this  study,  the  specimens  were  examined  in  a  high  resolution  analytical 

JOEL 2010  Transmission  Electron  Microscope  operating  at  200 kV  with 

a field-emission  gun.  The  microscope  was  capable  of  producing  a  precise  high 

resolution images with ultimate limit  of the point-to-point resolution about 0.19 nm, 

execute X-ray analysis on nanometer size area, whether analyze atomic structure. 
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III.9.d.  X-ray diffraction technique

The  XRD  technique  uses  an  X-ray  beam  to  examine  the  crystal  structure, 

chemical composition, or physical properties of materials. The principles are as follow: 

(i)  X-rays  are  generated  in  the  source  (X-ray  tube)  with  specific  target  metal. 

The resulted  characteristic  wavelength  spectrum  is  directed  toward  the  sample; 

(ii) Once, the source x-rays hit the sample some of the waves do reflect off the various 

planes of atoms in the specular direction (symmetrically about the line perpendicular to 

the planes of reflection), see Fig. III-10; (iii) The sample is systematically rotated in 

a goniometer about well-defined angles. All possible lattice planes are then successively 

brought into the reflection condition by rotation. Finally,  the reflected intensities are 

recorded as a function of these rotation angles.

Figure III-10. Symmetrically spaced atoms cause re-radiated X-rays to reinforce each  
other in the specific directions where their path-length difference, 2d sin θ, equals an 

integer multiple of the wavelength λ.

In this study, the crystallographic texture was investigated by establishing XRD 

pole  figures  and  subsequently  calculated  orientation  distribution  functions. 

The Orientation  Distribution  Function calculated  in  Labotex™ software 

[www.labotex.pl]  were  preceded  by  a  correction  of  background,  defocusing  and 

normalization.  The  pole  figures  were  determined  on  {111},  {200}  and  {220} 

reflections.  The  XRD  measurements  were  performed  using  an  Inel™ four-circles 

goniometer in a Bragg-Brentano system employing CoKα radiation (λ = 0.17902 nm). 
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III.9.e.  X-ray Line Profile analysis

The  XLPA  method  is  a  very  powerful  tool  which  allows  to  determine 

the microstructural  parameters  of  nanomaterials,  such  as  the  crystallite  size,  size 

distribution,  dislocation  structures,  planar  defects  like  twin  boundaries  or  stacking 

faults,  and  the  strain  or  stress  state  [Ungar,2004] [Armstrong,2004]. The  principles 

are as follow:  (i)  parallel  x-ray  beams  are  shot  by  x-ray  tube  through  a  sample  at 

some incidence  angle;  (ii)  some  of  x-rays  reflect  symmetrically  off  about  the  line 

perpendicular to the planes of atoms; (iii) the intensity of the reflected x-rays beams are 

counted by the detector. For example, in this study, the x-rays hit the imaging plate and 

they cause it  to glow. After several hours of exposure,  the intensity is  converted to 

a quantifiable number and plotted versus 2-theta incidence angle.  Diffraction patterns 

from polycrystalline materials consist of narrow, symmetrical, and delta-function-like 

peaks positioned according to a well defined unit cell. In real experiments, these peaks 

may be broadened by structural imperfections in the material. The XLPA investigates 

that line-profile features in order to extract underlying microstructural properties.

The  XLPA was  applied  to  evaluate  the  microstructural  parameters  in 

the deformed DPD processed nickel sample. The X-ray line profiles were measured on 

the cross-section  perpendicular  to  the  impacted  surface  (X2 – X3  plane). 

The measurements  were  carried  out  by  using   a  high-resolution  rotating  anode 

diffractometer  (Nonius,  FR  591)  employing  CuK1 radiation  ( = 0.15406 nm). 

The Debye-Scherrer rings were recorded on the imaging plate. The X-ray line profiles 

were determined as the intensity distribution perpendicular to the rings and evaluated by 

the  Convolutional Multiple Whole Profile analysis  [Ribárik et al.,2006] [Balogh et al., 

2006].  The  nature  and  density  of  dislocations,  mean  crystallite  size,  as  well  as 

the relative fraction of the twin boundaries among {111} lattice planes were estimated 

by fitting the diffraction pattern. The procedure based on a model of the microstructure, 

in which the crystallites had spherical shape and log-normal size distribution. The lattice 

strains were assumed to be caused by dislocations.
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IV.1. FFT-based numerical method: Crystal Plasticity

IV.1.a. Overview

The  presented  model  based  on  an  alternative  FFT  numerical  technique 

proposed by  Suquet and co-workers [Moulinec and Suquet,1998] [Michel et al.,2000]. 

The underlying  principle  of  this  method  is  to  use  the  image  of  the  microstructure 

obtained  by SEM to  compute  the  effective  properties  of  the  heterogeneous  media. 

The approach  rely  on  an  expression  of  the  Green's  function for  a  linear  elastic 

homogeneous material,  where  the  non-linear  problem is  solved in  an  iterative form 

without the formation of the stiffness matrix, as in the case of FEM. 

In this study, an aggregate of single-crystal grains form a unit cell problem. Each 

single grain have a prescribed crystal orientation system, which constituted anisotropic 

plastic properties from grain to grain. To solve the unit cell problem, data in a rigid form 

are required. Therefore, a two-dimensional implementation of the FFT method divides a 

rectangular unit cell into a regular grid of N1 × N2 Fourier points. The problem contains 

two scales: macroscopic and microscopic. The effective properties at the macroscopic 

scale are obtained through the resolution of the so-called  'local problem'. The RVE at 

the microscopic scale is represented by pixel. The geometrical and material data are 

assigned to each pixel independently. 
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IV.1.b. Discrete FFT formulation

a) Boundary conditions

The rules governing behavior of the polycrystalline material are determined by 

the individual elements of the periodic microstructure. The enforced macroscopic strain 

(or stress) allows to estimate an effective response on the system by solving the  local 

problem on the RVE. The constituted information about the polycrystalline material are 

provided  by  an  image  of  the  microstructure.  A  more  detailed  description  of 

the microstructure  is  presented  in  Section IV.1.d.. The  image  is  discretized  through 

the grid  of  pixels  (N1 × N2),  where  the  single  pixel  is  considered  as  an  individual 

constituent. The coordinates of each pixel are determined by

x d( i1,i 2)=((i1−1)⋅
T 1

N 1
,(i2−1)⋅

T 2

N 2
) , i1=−1,... , N 1, i2=1, ... , N 2

where Tj is the period of the unit cell in j-th direction.

Each pixel xd has its counterpart in the Fourier domain ξd expressed as

ξ j=(−
N j

2
+1) 1

T j
, (−

N j

2
+2) 1

T j
, ... ,− 1

T j
,0 , 1

T j
,... ,(

N j

2
−1) 1

T j
,

N j

2
1

T j

when Nj is even. If the Nj is odd the expression has the form

ξ j=−
N j−1

2
1

T j
, ... ,− 1

T j
,0 , 1

T j
,... ,

N j−1
2

1
T j

 

The periodic boundary conditions made the displacements and tractions continuous, and 

both are left undetermined along the boundary of the RVE. 

The local problem is closed in the local strain field ε (u( x )) , divided problem 

into the average strain field E and the fluctuation term ε (u∗ (x )) that is expressed as

ε (u( x ))= E+ε (u∗ ( x)) , u∗ periodic

where

u( x)= E.x+u∗( x)

By imposing  periodic  boundary  conditions,  the  fluctuating  term u∗ is  periodic  and 

the traction σ . n is  anti-periodic  to  meet  equilibrium  on  the  boundary  between 

neighboring computational cells.
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b) Governing equation

Now consider  homogeneous  material  with  stiffness C0 at  point  x affected  by 

polarization field ψ(x ) . The problem can be solved using the following equations

σ (x )=C0 :ε (u∗( x ))+ψ( x) ∀ x∈RVE
div σ (x )=0 ∀ x∈RVE , u∗ periodic , σ . n anti− periodic }

The system of equations can be solved by means of the Green's function method and 

expressed as

ε (u∗ (x ))=−Γ 0∗ψ(x ) ∀ x∈RVE

in real space, and in the Fourier domain as

ε̂ (ξ )=−Γ̂ 0 (ξ ): ψ̂(ξ ) ∀ξ ≠0, ξ̂ (0)=0

The periodic Green operator Γ 0 is related to C0 , and in Fourier domain for isotropic 

material is expressed as

Γ̂ ijkh
0 (ξ )= 1

4 μ0∣ξ∣ 2 (δ kiξ hξ j+δ hi ξ k ξ j+δ kj ξ hξ i+δ hjξ k ξ i)−
λ0+μ0

μ 0(λ 0+2 μ0)
ξ iξ jξ k ξ h

∣ξ ∣ 4

where λ 0 and μ 0 are Lamé coefficients.

Now  consider  inhomogeneous  material  with  stiffness C ( x) at  point  x under 

prescribed strain E. The problem can be solved using following equations

σ (x )=C ( x ):(ε (u∗ ( x))+E ) ∀ x ∈RVE
div σ (x ) ∀ x∈RVE , u∗ periodic ,σ .n anti− periodic }

The value of strain E and the reference material with elastic stiffness C0 are assigned in 

advance. Therefore, the polarization field ψ(x ) is expressed by

ψ(x )=δ C (x ):ε (u (x ))

where δ C (x )=C (x )−C0

Again, the system of equations can be solved by means of the Green's function method

ε (u( x))=−Γ 0( x )∗ψ( x)+ E
ε̂ (ξ )=−Γ̂ 0 (ξ ) : ψ̂(ξ ) ∀ξ ≠0, ξ̂ (0)=0 }
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c) Algorithm

The discrete algorithm for a linear problem of elastic body had the form 

Initialization: ε o( x)= E , ∀ xd ∈RVE
σo(x d)=C (x d):ε o( xd ) , ∀ xd ∈RVE

Iterate i+1 ε i and σ i are known at every xd

(a) σ̂ i=FFT (σ i)
(b) ε̂ i+1(ξd )=ε̂ i(ξd)−Γ̂ o(ξd): σ̂ i(ξd ) , ∀ξd≠0, ε̂ i+1(0)= E
(c) ε i+1=FFT −1(ε̂ i +1)
(d) σ i+1( xd)=C (x d) :ε i+1(x d) , ∀ xd ∈RVE
(e) Convergence test

}
The  convergence  was  achieved  at σ i+1 in  equilibrium,  and  was  determined  by 

the complimentary error function

e i=
(〈∥div(σ i +1)∥2

〉)

∥〈σi 〉∥
The  iteration  stops  when the  error  e is  smaller  than  or  equal  to  a  given  value  for 

calculations, e.g., 10-4. 

Now consider the similar algorithm for the nonlinear problem such as plasticity. 

In this study, the individual constituents adapted single-crystal plasticity theory written 

in the incremental form of the strain-stress relation. Therefore, the filed equations were 

solved  for  stress σΔ ,  strain ε Δ ,  and  hardening  parameter τ Δ in  the  predefined Δ

increment (detailed description is given in  Section IV.1.c.).  Suppose that σΔ , ε Δ ,  and

τ Δ are  known  at  increment Δ .  Then,  to  solve  the  problem  for  increment Δ+1 , 

the strain filed ε Δ+1  had to be found. Assume that the strain field ε Δ+1 is valid when 

the related stress field is in equilibrium. This leads to a system of nonlinear equations 

to be solved. The algorithm for a single increment can be written in the following form

Initialization: ε o( xd)=EΔ , ∀ xd ∈RVE
Compute σoandτ o fromε o ,ε Δ ,σΔ ,τ Δ

Iterate i+1 ε i and σ i are known at every xd

(a) σ̂ i=FFT (σ i)
(b) ε̂ i+1(ξd )=ε̂ i(ξd)−Γ̂ o(ξd): σ̂ i(ξd ) , ∀ξd≠0, ε̂ i+1(0)= E
(c) ε i+1=FFT −1(ε̂ i +1)
(d) Compute σ i+1andτ i+1 fromε i +1 ,ε Δ ,σΔ ,τ Δ

(e) Convergence test
}

where the value of EΔ is initially imposed.
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IV.1.c. Crystal plasticity formulation

a) Crystallographic slip

The local constitutive equations for each pixel xd are given by the Schmid's law 

[Schmid,1924] for a single-crystal plasticity theory.  The family of twelve {111 }〈110 〉

slip systems was applied to the model for fcc crystals as potential slip systems. Plastic 

deformation occurs when at least one slip system becomes active. Resolved shear stress 

component, τα( xd) , for a system α is given by

τα( xd)= Pα( xd)σ (xd )

were σ (xd ) is the applied stress and Pα (x d) is  the Schmid factor (the Schmid tensor) 

is the form

Pα (x d)=cos ϕ cosλ

were λ is the angle between the tensile axis and the slip plane normal, and ϕ is the angle 

between the tensile axis and the slip direction (parallel to the Burgers vector).

Resolved shear stress rate in the system α consistently is 

τ̇ α( xd)=∑
α=1

n

Pα (x d)σ̇( xd )

b) Multiple slip hardening

For multiple slips, where the hardening of the system α depends on shear glides 

on other active slip systems β, the shear stress is governed by a diagonal hardening law

τ α( xd)=∑
β=1

n

H αβ( xd) γ β (xd )

The rate of the shear stresses is

τ̇ α( xd)=∑
β=1

n

H αβ( xd) γ̇ β (xd )

were  n is  the  number  of  critical  (potentially  active)  slip  systems,  and Hαβ(xd)  is 

the symmetrical  hardening  matrix  proposed  by Franciosi  and  co-workers  [Franciosi 

et al.,1980] in the form
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H αβ( xd )=[
1
1 1
1 1 1
1 A A 1
A 1 A 1 1
A A 1 1 1 1
1 A A 1 A A 1
A 1 A A 1 A 1 1
A A 1 A A 1 1 1 1
1 A A 1 A A 1 A A 1
A 1 A A 1 A A 1 A 1 1
A A 1 A A 1 A A 1 1 1 1

]
The anisotropic hardening coefficient  A is  in the form A=h2/h1 with a range condition 

1 ≤ A ≤ 1.4.  The  matrix  diagonals  describe  the  self-hardening  of  slip  systems. 

The values of h1 (weak) and h2 (strong) parameters depend on the material.

If the system α becomes critical, i.e., the consistency condition for the slip on 

the critical system α is fulfilled, slip on the critical system is initiated

τ α( xd)= τ cr
α ( xd ) , γ̇ α (x d)>0

otherwise

τ α( xd)< τ cr
α ( xd ) , γ̇ α (x d)=0

c) Microscopic and macroscopic deformations

The total rate of deformation within the grain is only due to slip. When multiple 

slip occurs, plastic deformation involves shear on all active slip systems.

ε̇ P (xd )=∑
β=1

n

Pβ (x d) γ̇ β( xd )

The transition from micro- to macro-deformation of the RVE has the following form

Ε P=〈ε P ( x)〉= 1
V RVE

∑
G

ε P (G)( x)V (G )

where VRVE is the volume of RVE, and V(G) is the volume of grain.
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d) Deformation mechanisms in grain structures

The general elastic-plastic rate equation of the crystals under deformation can be written 

as follows

σ̇ (x d )=C (x d )(ε̇ ( xd)−ε̇ P ( xd))

where C(xd) is the fourth-rank tensor of elastic moduli, whose components are formed 

relative to the crystal lattice. The C is symmetric, Cijkl = Cklij, and because of the crystal 

elastic isotropy there are only two independent constant components.

Using equations [20] and [22], and substituting them to equation [14], the following 

relation is obtained

τ̇ α( xd)=Pα( xd )C (xd )ε̇( xd )−∑
β=1

n

P α( xd)C ( xd) Pβ( xd ) γ̇ β( xd)

Substituting equation [23] in to equation [16]

γ̇ β (xd )=H αβ
−1(xd )∑

α=1

n

Pα (xd )C (x d)ε̇ (xd )

were

H αβ
−1( xd )= ∑

α ,β=1

n

H αβ (xd )+P α( xd)C ( xd) Pβ (xd )

Substituting equations [24] and [20] in to equation [22] 

σ̇ (xd )=(C ( x d)− ∑
α ,β=1

n

C ( xd ) Pβ( xd ) H α β
−1( xd ) Pα( xd)C ( xd))ε̇ ( xd )

Finally, equation [26] take the simplified form

σ̇ (x d )=(C ( x d)−H ( xd))ε̇ (xd )

were compliance tensor

H (xd )= ∑
α ,β=1

n

C ( xd) Pβ( xd) H αβ
−1( xd ) Pα ( xd )C ( x d )

e) Yielding criterion

The plastic resistance of the polycrystalline aggregate is modeled as a grain size 

dependent. With decrease in the grain size, the mean traveling distance of dislocation 

decreases, causing more frequent dislocations to pile up at the grain boundaries. This 
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leads to increase in the yield strength of the material.

Consider  a  microstructure  composed  of  randomly-oriented  equiaxed  grains 

(Fig. IV.1), and a slip plane in a grain between two boundaries. When a polycrystal is 

subjected to the tensile stress σ ,  a row of  dislocations at  x axis piles up in front of 

the boundaries  and  stress  concentration  appears.  This  pile-up  can  be  considered  as 

a mode II shear crack with flank friction [Argon, 2008]. The concentrated shear stress 

τxy ( x=δ) at a distance δ away from the grain boundary in an adjoining grain is defined 

as follows

τxy ( x=δ)=(σ−σ0) P √ d
4δ

where σ 0 is the critical tensile stress for initiating relative motion across the faces of 

the slip  plane in  the soft  grain,  P is  the Schmid factor  of  the slip  plane  relative to 

the tensile  axis,  d is  the  length  of  the  shear  crack  defined  by  two  boundaries 

(and consequently  the  grain  size).  When τxy ( x=δ) is  big  enough,  a  plastic  gliding 

occurs in the neighbor grains. Denoting the critical stress σ cr that must be reached in 

order to initiate plastic deformation, and σ=σ y , the Hall-Petch formula, according to 

[28], takes the form

σ y=σ0+
k y

√d

where σ0 is the friction stress, and strengthening coefficient  k y=
σ cr

P √4δ .

Figure IV-1.  Sketch of a pile-up considered as a Mode II shear crack 
with flank friction [Argon,2008].
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IV.1.d. Periodic microstructure

A periodic grain structure was generated by the  decomposition of the metric 

space, the so-called 'voronoi tessellation'. By means of this technique, a brick wall-like 

lattice  was  formed  to  represent  a  lamellar-like  microstructure.  Figure IV-2  shows 

the schematic drawing of the unit cell. The periodic boundary conditions were applied 

such that the grains at the opposite boundaries of the unit cell were assumed to have 

the same prescribed crystallographic orientations, while within the cell, the orientation 

of grains is different from grain to grain. For example, the representative grains lying on 

the border of the unit cell and with the same crystallographic orientation are filled by 

the same hatched patterns in Fig. IV-2. Initial orientations were assigned with respect to 

the  fixed  axis  in  the  plane  of  the  simulated  cell.  The  grains  were  assumed  to  be 

elastically isotropic.  Plasticity within each grain originates from the motion of edge 

dislocations (represented as line singularities in Fig. IV-2) that can nucleate and glide on 

the active slip systems. The grains were assigned to the symmetry of the fcc lattice with 

12 possible  slip  configurations  (4  slip  planes  and  3  slip  directions).  The  numerical 

procedure required to  discretize the unit  cell  using a regular grid of  N1 × N2 points, 

which number is large enough to give in sufficient detail the property of each grain. 

The yield  stress  was  selected  independently  for  each  discretization  point.  More 

specifically,  consider  the  pixel  within  the  grain  with  prescribed  crystallographic 

orientation (i.e., a filled red square in Fig. IV-2). Based on the orientation of the grain, 

4 slip planes can be projected onto the grain plane that pass through this pixel. The line 

that  forms  the  longest  distance  with  grain  boundaries  represents  the  dominant  slip 

system, and consequently define a value of d in the Hall-Petch formula (Section IV.1.c.).

Figure IV-2. Periodic microstructure and definition of slip systems within the grain.
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IV.2. FEM-based numerical method: Local Approach to 

Fracture

IV.2.a.  Micromechanical modeling

One of  the  most  extended model  describing  the  micromechanical  process  of 

damage  in  ductile  metals  is  the  Gurson-Tvergaard-Needleman (GTN)  model 

[Gurson,1977] [Tvergaard,1982] [Tvergaard and Needleman,1984]. The yield function 

of the GTN model has the following form

Φ =( q
σ y

)
2

+2q1 f cosh(− 3
2

q2 p
σ y

)−(1+q3 f 2)=0

where q is the von Mises equivalent stress, p is the hydrostatic pressure, f is the volume 

fraction of the voids,  σy  is the yield stress of the undamaged matrix material,  qi are 

constants. 

The void volume fraction function is given by

f ={ f

f c+
f̄ F− f c

f F− f c
( f − f c)

f̄ F

if f ⩽ f c ,

if f c< f < f F ,

if f ⩾ f F ,

where  fc is the critical value at which void coalescence occurs,  fF is the value of void 

volume  fraction  at  which  there  is  a  complete  loss  of  stress  carrying  capacity  in 

the material, and

f̄ F =
q1+√q1

2−q3

q3

The plastic strain rate tensor is given by 

ε̇ pl=λ̇ ∂Φ
∂σ

where σ is the stress tensor, λ̇ is the plastic multiplier given by the consistency condition

Φ̇ =0 .  The  rate  of  equivalent  plastic  work  in  the  matrix  material  is  equal  to 

the macroscopic plastic work, written as

(1− f )σ y ˙̄ε m
pl=σ y : ε̇ pl

The damage evolution is  described as the sum of the growth of  existing voids and 

the nucleation of new voids, expressed as

ḟ = ˙f gr+ ˙f nucl
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Assuming that  the  matrix  material  is  plastically  incompressible,  the  void  growth  is 

given by 

˙f gr=(1− f )ε̇ pl : I

The nucleation part is related to the cumulative plastic strain through the volumetric 

void nucleation rate A as follows:

˙f nucl=A ˙̄ε m
pl

where ˙̄ε m
pl is the effective plastic strain rate, and A is given by

A=
f N

S N √2π
exp [−

1
2 ( ε̄ m

pl−ε N

S N )
2

]

where ε̄ m
pl is  the  effective  plastic  strain, f N is  the  void  nucleating  particle  volume 

fraction, ε N is  the  respective  average  nucleation  strain,  and S N refers  to  the  standard 

deviation of the matrix effective plastic strain at which voids nucleate.
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IV.2.b.  Numerical procedure for nickel

In order  to  obtain  realistic  estimates  of  stress  triaxiality considered  for  each 

specimen  type,  numerical  simulations  were  carried  using  ABAQUS  finite  element 

package [ABAQUS,2005].  Because of the symmetry of the problem, only one half of 

the tensile bar was modeled (Fig. IV-3). The crucial problem in the LAF based on CDM 

and  FEM  is  a  characteristic  feature  of  mesh-dependence  [Murakami and Liu,1996]. 

In order  to  accurately  simulate  the  necking  behavior  in  strain-softening  conditions, 

several preliminary numerical tests were carried out to ensure a good approximation of 

the true deformation and limit the computation time. As a result, an axi-symmetric mesh 

with  elements  of  size  50 × 50 μm in the  gauge section  of  the  sample  was selected, 

whereas  outside  the  gauge  section  was  significantly  coarsened.  Four-node 

axi-symmetric  brick  elements  with  reduced  Gaussian  integration (CAX4R  in 

ABAQUS/Explicit) were used in all regions. Displacement boundary conditions were 

applied such that the one side of the sample was restrained from movement in loading 

direction while a finite velocity was applied to the other end. Longitudinal extension 

was evaluated at points marked by yellow dots, which correspond to  the initial position 

of the knife edges of the extensometer. 

Figure IV-3. Numerical simulation procedure of tensile tests for investigated nickel.
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The parameters characterizing the constitutive model are shown in Fig. IV-3. 

The  input  data  for  the  GTN  model  consists  of  elastic – plastic  properties  (Young's 

modulus, Poisson ratio, stress-strain curve), curve fitting parameters (q1, q2), porosity 

parameters  (f0,  fC,  fF),  and nucleation parameters  (εN, SN,  fN).  Tensile  tests  of smooth 

specimens were used to evaluate both elastic and plastic material properties, and the 

corresponding true stress – true strain curve is  shown in Fig. IV-3.  The GTN model 

parameters have been fitted into material in the following way: (i) First, the values of 

the curve-fitting parameters were primarily selected based on work of Faleskog and 

co-worker  [Faleskog et al.,1998].  It  is  noticed  that  similar  values  were  proposed 

previously by [Tvergaard,1981] [Tvergaard,1982]  and [Koplik and Needleman,1988]; 

(ii) The chosen parameter f0 has an influence on the value of fC and fF. Therefore, it was 

identified together with nucleation parameters in the second step. In high-purity nickel, 

plastic deformation at RT occurs by dislocation motion. Macroscopically it causes a 

homogeneous deformation of a matrix material at a very early stage. Because of that the 

value  of  f0 has  been  chosen  equal  to  zero.  Consequently,  the  volume  fraction  of 

nucleated voids, fN, is critical for the void growth to come from the plastic strain. The 

value  of  fN was  chosen  to  be  equal  a  maximum impurity  fraction  in  bulk  material 

(0.0003). The normal distribution of the nucleation strain, εN, has a mean value of 0.16, 

and standard deviation of 0.1. The void nucleation range is schematically presented by 

gray to white color gradients in the stress – strain curve. Therefore, the voids start to 

nucleate at the point 1 with predefined distribution up to the point 2. Then, starting from 

the  point  2,  the  evolution  of  the  void  volume fraction  results  only from growth of 

existing voids; (iii) The value of  fC was defined at the point of load drop  (point 3 on 

stress – strain  curve)  in  the  numerical  simulation  without  failure. The  choice  was 

motivated  by the  SEM observations  of  the  in  situ  specimen,  in  which  the  volume 

occupied by voids at this point became significant; (iv) The void volume fraction at 

failure  was adjusted  such that  the  elongation  of  the  sample  meets  the  experimental 

measurement  (i.e., the  elongation  measured  by  extensometer).  The  discussion 

concerning the shape, distribution and orientation of voids were not included in this 

study. The triaxial stress state presented in the result section was determined during the 

early stage of deformation at the center of the critical cross-section where the fracture 

initiation occurs.  The evolution of both void volume fraction and equivalent  plastic 

strain were studied at the same location. The radius of the critical cross-section was 

measured as the average value of three most distorted mesh points at the neck.

85



Chapter IV. Numerical techniques

IV.2.c.  Numerical procedure for steel

Numerical simulations were carried out using the same procedure as in the case 

of nickel. Only some modifications were made in the material dependent parameters of 

the GTN model. Elastic – plastic material properties were estimated based on the tensile 

tests performed on the smooth specimens. The corresponding true stress – strain curve 

and  related  parameters  of  the  GTN  model  are  plotted  in  Fig. IV-4.  Fractography 

revealed  that  the  process  of  ductile  tearing  started  at  the  greater  inclusion-matrix 

interface, followed at smaller second-phase particles (Chapter V.3.b.). Roughly half of 

the  volume  occupied  by  voids  comes  from  larger  particles. In  addition,  plastic 

deformation starts with strain softening instability manifested in the stress – strain curve 

by the plateau directly after yielding. This indicates a non-uniform deformation mode 

like local deformation by Lüders bands. Therefore, it was assumed to divide maximum 

impurity fraction between  f0 and fN with the presumption of equal  contribution.  The 

normal distribution of the nucleation strain, εN, has a mean value of 0.05, and standard 

deviation of 0.03. Void nucleation range and intensity is schematically presented by the 

grey gradient between two red dots (1 and 2) in the stress – strain curve (Fig. IV-4). The 

value of fC was determined from the numerical data at the point of the load drop (point 3 

indicated schematically on the curve), while fF  was calibrated to meet the experimental 

tensile elongation to failure. The remaining parameters were assumed to be the same.

Figure IV-4. Numerical simulation procedure of tensile tests for investigated steel.
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IV.3.  Johnson-Cook Model 

By  mean  of  the  DPD  technique,  a  specimen  is  subjected  to  deformation 

at intermediate strain rate. At this conditions, the increase in deformation temperature 

can significantly affect the microstructure evolution. In order to estimate the increase of 

the temperature  under  DPD  tests  a  phenomenological  model,  the  so-called 

Johnson-Cook  model is  used  in  the  study  [Johnson and Cook,1983] [Johnson and 

Cook,1985]. The three main material responses, such as strain-rate, strain hardening, 

and thermal softening are combined  in a multiplicative manner in the model as follows

σ=[ A+Bε P
n ][1+C ln(

˙ε P
ε̇ 0

)][1−(T *)m]

where:  σ is  the  equivalent  stress  response;  εp is  the  equivalent  plastic  strain; 

ε̇p is  the  equivalent  plastic  strain  rate;  ε̇0 is  the  normalizing  reference  strain  rate; 

A, B are the strain hardening parameters;  C is the dimensionless strain rate hardening 

coefficient;  n, m are the power exponent of the strain hardening and thermal softening 

terms, respectively; T* is the normalized temperature.

 Numerical procedure

The numerical simulation was intended to reproduce experimental macroscopic 

response  of  the  cylindrical  sample  of  9.5 mm  in  diameter  and  16 mm  in  height. 

The loading conditions have been simplified to a constant displacement rate of 10 m s-1 

applied to the specimen impact interface. The simulation was interrupted when the final 

specimen  diameter  was  reached.  The  numerical  simulations  were  carried  using 

ABAQUS finite element package [ABAQUS,2005]. The specimens were compressed 

between two platens, one fixed and one moving (the platens were assumed to be rigid 

bodies). The numerical simulation was performed by using the parameters presented in 

Tab. IV-1. 

E υ ρ Expansion 
coef. alpha

Inelastic 
heat 

fraction
ε̇0 A B C m n Melt. 

temp
Trans. 
temp

Specif. 
heat

200 0.31 8908 0.000001 0.9 1 90 292 0.03 1.09 0.31 1455 25 385

 
Table IV-1. Johnson-Cook material model parameter.
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V.1.  Ultrafine-grained nickel refined by Dynamic Plastic 

 Deformation

V.1.a.  Dynamic Plastic Deformation test

Figure V-1 shows the samples before and after DPD illustrating the changes in 

the dimensions due to impact deformation. The diameter of the sample after impact was 

twice as large as in the initial state, while the height was reduced to about one fourth of 

the  initial  value  that  corresponds  to  an  average  true  strain  of  about  1.4.  Such 

a significant  plastic  deformation  resulted  in  a  slight  barreling,  as  demonstrated  by 

the specimen in Fig. V-1.

Figure V-1. Shape and dimensions of the sample before and after DPD.
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V.1.b.  Microstructure characterization

a)  Electron Back-scatter Diffraction analysis

Initial microstructure

Figure V-2  presents  the  EBSD  characterization  of  the  undeformed  nickel 

composed of a well recrystallized microstructure. A heat-treatment process resulted in 

a well-recrystallized microstructure as revealed by the uniform equiaxed grain structure 

with  random  orientation  (Fig. V-2a).  Individual  grains  are  surrounded  by  HAGBs, 

where more than 50% of them are Σ3 boundaries including twin boundaries (Fig. V-2b). 

Few  Low  Angle  Grain  Boundaries (LAGBs)  are  also  present.  The  arithmetic  and 

the area-weighted  mean  grain  sizes  analyzed  with  OIM™  Data  Analysis  software 

(version 4) from TexSem Laboratories were about 9 μm and 25 μm, respectively.

Figure V-2. EBSD maps of the initial microstructure: (a) inverse pole figure map;
(b) grain boundaries map: HAGBs (black), Σ3 boundaries including twins (blue),  

LAGBs (red).
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DPD microstructure

The EBSD study of cross-sectional area (the plane containing X2 and X3 axes) of 

the sample after DPD revealed a heterogeneous microstructure, made up of sub-grain 

and lamellar elongated grains. Figure V-3 shows grain boundary maps in the periphery 

and  the  middle  of  the  impacted  sample,  respectively.  Figure V-3a  illustrates  that  in 

the periphery  of  the  impacted  disk  the  pristine  grains  were  divided  into  subgrains 

bounded by LAGBs with a misorientation angle less than 15º which were most probably 

developed from dislocations formed during DPD. Smaller lamellar grains characterize 

the microstructure in  the middle of  the  impacted  disc (Fig. V-3b).  The lamellae  are 

perpendicularly  oriented  to  the  impact  direction (lying  in  direction  X2)  and 

predominates in the sample interior. The grains are  delineated by HAGBs and their 

interiors contain a large density of LAGBs. The grain size measured by EBSD and 

averaged for the entire specimen is about 1094 ±531 nm, however, smaller grains are 

observed in the middle of the sample. 

Figure V-3. Grain boundary maps obtained by EBSD after DPD in (a) the peripheral  
and (b) center regions: HAGBs (black), LAGBs (red).

The corresponding inverse pole figure map of lamellar structure in the middle of 

the sample is presented in Fig. V-4a. The crystallographic orientation of grains relative 

to  the  standard  stereographic  triangle  is  scattered  along  well-defined  the  <101> 

crystallographic direction. The further investigation revealed that the area of scattering 

domains is surrounded by HAGBs, while regular line-shaped agglomerates of LAGBs 
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passing through the grains delineating elongated dislocation cell structures (Fig. V-3b). 

A very  small number of  Σ3 boundaries among HAGBs were observed. The accurate 

inverse  pole  figure  map  with  grain  boundaries  of  lamellar  structure  is  presented 

in Fig. V-4b. The neighboring domains consist of grains with different crystallographic 

orientations.  The majority  of  long lamellar  dislocation  boundaries  are  HAGBs with 

the misorientation  angle  larger  than  15°. This  lamellar-like  structure  made  up 

homogeneously dislocated matrix through the entire specimen. The misorientation angle 

between neighboring cells in sub-grain is low (1º to 15º) with wide boundaries and not 

well defined. The average grain size based on the number of grains from discussed map 

was estimated at ~260 nm, while based on area weighted average was about ~1.5 μm.

Figure V-4. Inverse pole figure map with grain boundaries of lamellar structure.

b)  Transmission Electron Microscopy characterization

Cross-sectional  TEM observations  for  both  the  periphery  and  the  middle  of 

the impacted  sample  are  presented  in  Fig. V-5a  and  Fig. V-5b,  respectively.  In  both 

locations,  a  significant  grain  size  reduction  occurred  due  to  DPD-processing.  Both 

cellular  and  lamellar  grains  can  be  observed  whose  interiors  are  populated  by 

dislocations  with  a  high  density.  The middle  of  the  sample  is  composed mainly of 

lamellae, while blocks and lamellae are observed at the periphery. These observations 
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are  in  line  with  EBSD  investigations.  According  to  the  literature  [Hughes and 

Hansen,1997][Hughes and Hansen,2000] and [Hughes,2002], most probably new grains 

and  subgrain  boundaries  are  formed  during  DPD.  Figure V-5c  shows  the  grain-size 

distributions in the middle and the periphery of the DPD-processed sample as obtained 

from  the  TEM  micrographs.  Both  distributions  can  be  well  fitted  by  lognormal 

functions, and only a slight difference in the mean grain sizes was observed. Actually, 

the computed average grain sizes (based on the measurement of more than 500 grains) 

were  about  220 nm  and  230 nm  in  the  middle  and  the  periphery  of  the  sample, 

respectively.

Figure V-5. TEM images obtained at the periphery with heterogeneous
microstructure (a) and lamellae in the middle (b) of the DPD-processed sample;

(c) grain-size distributions for the peripheral and middle regions evaluated
from the TEM micrographs.

The TEM investigations provide the evidence that the deformation mechanism at 

intermediate strain rate impact and RT, in polycrystalline materials such as nickel, is 

dominated  by  dislocations  activity.  Two  types  of  deformation-induced  dislocation 

boundaries  are  introduced  during  DPD (Fig. V-6):  GNBs and  IDBs.  The GNBs are 
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formed by highly active slip systems within the grain. In general, created boundaries are 

parallel  to  the  slip  plane  and sharp.  The  IDBs form boundaries  between  grains  by 

trapping  of  glide  dislocations.  The  dislocation  boundaries  create  wide,  spread  and 

loosely disperse pattern [Hughes et al.,1997] [Hughes et al.,2000] [Hughes,2002].

Figure V-6.: (a) TEM micrograph of lamellar structure developed during DPD
(b) Sketch of the corresponding deformation-induced dislocation boundaries.

c)  X-ray Diffraction Analysis

Figure V-7 presents the complete pole figures recalculated from the orientation 

distribution functions of the sample before and after impact in the plane containing axes 

X1 and X2.  The annealing texture was close to random (1-2 times random) with weak 

duplex  fiber  texture  of  <111>  and  <200>  parallel  to  the  X3 axis.  DPD resulted  in 

a development  of  strong  <220>  fiber  texture  component  with  an  intensity  varying 

through the specimen. Indeed, the investigated zone in the center has a <220> fiber 

texture with stronger <220> preferred orientation than zone on the edge. The volume 

fraction of the <220> fiber component (the computations were done within an angular 

tolerance of 15º) was about 46.4% in the center and 38.8 % on the edge. The intensity of 

this  texture  component  varies  along  the  diameter  and  the  thickness  of  the  disk, 

in accordance with the changes of the microstructure. 
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Figure V-7. Recalculated {111}, {200} and {220} pole figures in the (X1, X2) plane : (a)  
before DPD;  after DPD (b) at the center and (c) on the edge.

d) X-ray Line Profile Analysis

Quantitative  microstructural  investigations carried  out  by  X-ray  Line  Profile 

Analysis (XPLA) in the middle of the impacted sample (in the lamellae zone) provide 

structural  parameters  of  the  DPD  sample.  The  fitting  of  the  diffraction  pattern  in 

logarithmic intensity scale is  shown in  Fig. V-8. The open circles and the solid line 

represent  the  measured  data  and the  fitted  curves,  respectively.  Spacing of  lamellar 

dislocation boundaries and diameter of dislocation cells insignificantly vary through the 

specimen (from 79 ±8 nm to 128 ±14 nm) with the average value around one hundred 

nanometers. The dislocation density was found to be stable in the sample with a high 

average  value  of  14 ±3  1014 m-2.  However,  what  was  confirmed  by  TEM 

investigations, the dislocation distribution within the specimen is not uniform due to 

dislocation accumulations in dislocation walls. Dislocations have mixed edge and screw 

character. The twin fault probability was found to be 0.09 ±0.5%.
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Figure V-8. The measured (open circle) and the fitted (solid line) X-ray diffraction  
patterns in logarithmic intensity scale.
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V.1.c. Dynamic Plastic Deformation simulation

The numerical simulation on the DPD sample based on  Johnson-Cook model  

revealed  that  the  deformation  is  not  homogeneous,  and  a  similar  barreling  effect 

as in the case of the experimental work was observed (Fig. V-1). Figure V-9(a) shows 

the Von Mises  stress  distribution  map within  the  sample  at  the  final  step of  plastic 

deformation.  It  is  shown that  the  stress  distribution  is  non-homogenous  and mostly 

concentrated in the interior of the sample. That fact may explain the finer grains in 

the center and coarsened on the periphery of the sample (For detail, see Chapter V.1.b.). 

Figure V-9(b) presents the increase of the temperature in the sample due to the plastic 

deformation. The highest temperature is evaluated at the center of the sample.

Figure V-9. Numerical simulation of the DPD specimen: (a) Von Mises stress  
distribution map; (b) Temperature distribution map.

However, the increase of the temperature is most probably not high enough to affect 

microstructure evolution.  Precisely,  the  temperature  increase  during  high  strain  rate 

105



Chapter V. The results

deformation can be calculated as follow

ΔT =
0.9W p

ρC p

where:

ρ  = 8908 [kg m-3] – mass density

Cp = 446 [J kg-1 K-1] – the specific heat treatment at constant temperature

Wp = 1.2083 × 109 [Pa] – the fraction of plastic work

Base on this formula, the temperature increase during the impact test was estimated at

∆T = 273 [K]

what corresponds to 33% of the melting temperature, Tm, calculated using the following 

formula

T
T m

=
300[K ]+273 [K ]

1728 [K ]
=0.33T m

The range of the deformation temperature,  that rise in the sample,  indicates that no 

significant recovery or dynamic recrystallization process occurred during the test. This 

finding goes along with the high density of dislocations within the grain interiors as 

shown by the TEM investigation and measured by the XLPA (Chapter V.1.b.). 
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V.1.d. Mechanical Properties

After  DPD,  two  types  of  mechanical  test  using  small-size  compression 

specimens were performed. The compression axis was oriented either perpendicular or 

parallel  to  the  lamellar  boundaries  formed  during  the  impact  test  (Fig. V-10). 

The samples presenting horizontal lamellar boundaries were loaded either vertically or 

horizontally, denoted V and H, respectively. In addition, specimens were cut from the 

center and the edge with the notations of 1 and 2, respectively. Therefore, for example 

the  specimen  cut  from  the  center  and  compressed  perpendicularly  to  the  lamellar 

boundaries is denoted as V1. 

Figure V-10. Coordinate system adopted for the DPD specimen (the large
arrow indicates the direction of impact). On the right side, the positions of

the compression specimens (the arrows indicate directions of 
the subsequent quasi-static compression tests).

Figure  V-11shows  the  true  stress – true  plastic  strain  compression  curves 

at a strain rate of 2  10-3 s-1 and at RT . The compressive yield strength of the initial 

material was about 90 MPa and the corresponding stress – strain curve exhibits a strain 

hardening behavior  for  the full  range of  the  investigated  strain.  After  DPD, several 

observations can be made on the basis of the mechanical tests: (i) the compressive yield 

strength increased by a factor of 5–6 due to the impact. Depending on the location and 

the orientation of the specimen the saturation flow stress varies between 645–780 MPa; 

(ii) in general, H specimen exhibited higher maximum stress than V specimen from the 

same location; (iii) for the same orientation of the compression axis relative to lamellar 

boundaries the specimen cut from the edge showed higher maximum stress than the 
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sample  obtained  from  the center;  (iv)  for  all  DPD-processed  samples  after  a  short 

hardening stage  (up  to  a  plastic  strain  of  about  2%) a  stress  plateau  or  even work 

softening was observed; (v) for sample H1 a resumed work hardening was observed for 

strains larger than 5%, which was not the case for the sample H2.

Figure V-11. True stress – true plastic strain curves obtained by compression tests of  
small specimens of the DPD processed sample at a strain rate of 2  10-3 s-1.
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V.1.e. Discussion

Our  results  showed  that  intermediate  strain  rate  compression  yielded  to 

a microstructure  composed  of  subgrains  delineated  by  LAGBs  and  lamellar  grains 

bounded  by  HAGBs.  Indeed,  EBSD  and  TEM  investigations  revealed  significant 

difference  between  dislocation  patterns  in  the  center  and  the  periphery  of 

the DPD-processed  sample,  leading  to  a  heterogeneous  microstructure  and  texture 

distribution (Figs. V-3 – V-5).  These results  are in line with previous works on high 

purity  and  commercially  pure  Al  refined  by  DPD  [Dirras et al.,2010] [Dirras et al., 

2012].  It  is  observed  here  that  the  initial  grain  boundary  structure,  even  though 

distorted,  is  still  visible  on  the  periphery  of  the  sample  (Fig. V-3).  The  amount  of 

LAGBs observed in that region is also lower than in the center of the sample. In general, 

a non-uniform grain-refinement occurs due to DPD as suggested by EBSD analysis. 

However,  TEM  investigations  revealed  that  the  difference  in  the  grain  sizes  and 

grain-size distributions along the diameter of the impacted disk is small. This suggests 

that  the  misorientation  angle  between  neighboring  grains/subgrains  is  very  small 

at the periphery of the sample and difficult to access by EBSD technique. Moreover, 

the actual step size (0.1 µm) used for EBSD analysis also does not take into account 

the very small grains detected by TEM. In addition, the crystallite size measured by 

XLPA is  the  lowest  compared  to  grain  sizes  obtained  by  either  EBSD  or  TEM. 

The discrepancies  between TEM and XRD measurement  have been reported  [Dirras 

et al.,2010] [Zhilyaev et al.,2003] in the case of metallic materials deformed by SPD 

routes. As an example, the grain size measured by TEM is about three times larger than 

the crystallite size measured by XPLA. As was discussed by [Saada and Dirras,2009], 

this discrepancy can be related to the fact that X-rays have better sampling statistics 

than TEM. In addition,  dislocation walls  such as  dipolar  walls  do not give contrast 

difference in TEM while they break coherency of X-ray scattering. Finally, the size of 

scattering  domains  is  equivalent  to  the  grain  size  in  materials  without  a  subgrain 

structure  within  individual  grains.  This  is  not  the  case  in  SPD-processed  materials. 

The TEM  investigations  (Figs. IV-5 – IV-6)  showed  high  dislocation  density  within 

grains  contrary to  the case of  pure aluminum deformed under  the  same conditions, 

where  the  subgrains  were  mostly  dislocation  free  [Dirras et al.,2010].  This  can  be 

attributed  to  a  more  planar  dislocation  slip  mechanism  due  to  the  lower  SFE 

energy for nickel (~130 mJ m-2 [Murr,1972]) compared to pure aluminum (166 mJ m-2 
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[Murr,1975]) and also to the higher melting point of the former material (1453°C versus 

660°C).  In  aluminum  the  easy  cross-slip  and  climb  of  dislocations  yield  dynamic 

recovery and/or recrystallization during DPD-processing. 

The  increase  in  compressive  yield  strength  after  DPD  emerges  as  a  natural 

consequence of crystallite size reduction, stored dislocation density and crystallographic 

texture  [Hughes and Hansen,1997] [Hughes and Hansen,2000][Krasilnikov et al.,2005]. 

The contribution in overall strengthening from grain size is expressed by Hall-Petch 

relationship as

σgs = σ0+ kd-1/2

where σ0  is the friction stress, k is the constant, and d is the grain size.

The  values  found  for  the  Hall-Petch  constant  were  k = 0.18 MPa m1/2 and 

σ0 = 14.23 MPa  [Keller and Hug,2008] [Thompson,1977].  The estimated strengthening 

due  to  grain  size  refinement  (measured  from  the  TEM  micrographs)  is  390 MPa. 

The resulting theoretical value, underestimated with reference to experimental data, is 

associated  with  dislocation-free  grains.  Therefore,  reported  stored  dislocations  in 

crystalline  aggregates  are  responsible  for  the  increase  in  strength.  The  flow  stress 

contribution of forest dislocations is given as

σdis =α MGbρ1/2

wher α is a constant of the order of 0.3, G is the shear modulus (76 GPa), b is the burger 

vector (0.25 nm), ρ is the dislocation density (measured by XLPA) and M is the Taylor 

factor calculated by the OIM™ Data Analysis software (Chapter III.9.b.) on the basis of 

the collected EBSD data.

The corresponding values of yield stress (Tab. V-1) suggest that dislocations appear as 

a dominant source of strengthening.

Specimen Grain refinement (σgs) Dislocations (σdis) Experimental (σexp)

H1

389

566 ± 45 500

V1 554 ± 44 440

H2 583 ± 47 520

V2 562 ± 45 460

Table V-1. Calculated and experimental values of the yield strength
of the DPD-processed sample in MPa.
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The above analysis is based on a fcc material without initial texture, for which 

yield is essentially related to dislocation motion along activated crystallographic slip 

planes, and depends on the  orientation of this planes with relation to the  direction of 

applied load. Consequently, the materials with strong fiber crystallographic textures at 

the beginning of the deformation will show different material response due to strain 

path in terms of yielding stress. The XRD measurements show that the maximum pole 

intensity of (220) pole figure were 4 and 3.5  for the zone in the center and the edge, 

respectively. Therefore, the calculated  M factors varies for each case due to the strain 

path and cause different yielding.
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V.2.  FFT-based prediction of the mechanical behavior  

of nickel processed by Dynamic Plastic Deformation

V.2.a.  Configuration

The FFT numerical technique was employed to model the mechanical behavior 

of DPD-processed nickel in accordance with the experimental procedure described in 

Section V.1.d.. The construction of the unit cell problem consists of several steps, and 

Fig. V-12(a–c) is used here for illustrative purposes of this pre-processing procedure:

(i) The image used in this study was made by rendering the two-dimensional simplified 

microstructure, inspired by electron microscopy investigations of the lamellar structure 

in the middle of the sample (Section V.1b).  The resulting output is  a brick wall-like 

lattice obtained by the Voronoi tessellation, where each rectangle represents a single 

crystallite, as shown in Fig. V-12a. Rules governing the construction of the image are 

described in detail in Chapter IV.1.d..

(ii) The grain size issue was solved in the following manner. Consider a single grain 

described  by two  dimensions,  width  (d1)  and  length  (d2),  as  presented  in  Fig. IV-2 

(Section IV.1.d.). As revealed by TEM studies, the distance between lamellar boundaries 

was about 220 nm (TEM characterization in Section V.1.b.). Therefore, the dimension 

d1 is  assigned  to  this  experimental  value.  The  second  dimension,  d2,  was  left 

undetermined  and enforced  by the  algorithm as  a  random.  A  brick  wall-like  lattice 

arrangement of grains was constructed with 25 rows of grains, where each row has 

120 grains. This gives the total number of 3000 grains in the calculations.

(iii) The XRD investigation in the areas of interest revealed a strong <220> fiber texture 

component  with  a  stronger  intensity  in  the  zone  in  the  center  than  on  the  edge, 

as presented  in  Fig. V-7.  Therefore,  two  types  of  microstructure  with  dominant 

in-plane <220> fiber texture component were rendered. In the first case, the volume 

fraction of the fiber texture component was prescribed to  46.4% (the same value was 

estimated  from XRD measurements  in  the  center  of  the  DPD sample).  The second 

microstructure  was  constructed  in  such  a  way  that  38.8% of  all  assigned 

crystallographic  orientations  belonged to  the  fiber  texture  component.  The  resulting 

image represented the microstructure on the edge of the DPD sample.
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Figure V-12. Procedure to obtain the local yield stress values: (a) brick wall-like  
lattice; (b) Schmid factor map, where the colors indicate the value of the Schmid factor;  
(c) projected dominant slip planes used in the calculations of the Hall-Petch formula.  

The colors indicate the length of projected slip planes in nm.

For each crystallite, the crystallographic orientation was assigned with respect to 

the fixed axis, in the plane of the simulation cell. The fiber orientation was assigned at 

random to the crystallite in the unit cell. The orientations of remaining crystallites were 

assigned  as  random  selected  from  the  entire  range  of  possible  orientations.  When 

consider the microstructure with the dominant orientation, that is distributed randomly 

within the unit cell, the grains with the same orientation can be placed close to each 

other,  thereby  forming  domains  of  crystallites  with  the  same  crystallographic 

orientation. This property made the microstructure more realistic in relation to the DPD 

microstructure (e.g., Fig. V-4). The Schmid factor map calculated for the unit cell may 

take the form as shown in Fig. V-12b. It  should be noted that this map shows only 
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the value of the Schmid factor of the most favorable system for slip.

(iv)  Based  on  the  grain  orientation,  the  slip  planes  were  projected  in  the  plane  of 

the simulation  cell.  The  thickness  of  the  slip  plane  was  adjusted  so that  the  lowest 

possible value was equal to at least one disrectization point. However, a larger number 

of pixels can be considered as presented in Fig. V-12c. In the case of fcc structure, that 

has  4 slip  planes  and  3 slip  directions  in  each  plane,  the  problem was  confined  to 

4 independent maps of crystallographic slip planes, which are superimposed upon each 

other.  Thus, assuming that each map was discretized using a regular grid of N1 × N2 

disrectization points, through each point passing 4 lines that represent independent slip 

planes. The line that forms the longest distance with grain boundaries represents the 

dominant slip system, and consequently define a value of  d in the Hall-Petch formula 

for  the  discretization  point  under  consideration.  Figure V-12c  shows  the  map  of 

dominated slip systems within the unit cell. Brighter colors indicate a longer distance 

that dislocation must overcome, and consequently less frequent pile up of dislocations at 

grain boundaries. A longer distance between grain boundaries, implies a lower yield 

strength of the material. 

(v) The periodic microstructure was constructed in such a way that, when grains with 

the assigned crystallographic orientation overlaps the boundary of the unit  cell,  they 

were split into two parts, and the exceeding part was fitted to the opposite boundary.

(vi)  The microstructure was prescribed for  the elastic – plastic  response of  isotropic 

material governed by crystal plasticity theory (Chapter IV.1.) with material  properties 

and model parameters given in Tab. V-2.  In order to reproduce the experimental study 

(Section IV.1.c.), the loading conditions were prescribed in such a way that the uniaxial 

compression was applied in the vertical (90°) and horizontal (0°) directions.

(vii) The resolution of the images was adapted to CPU's power efficiency. Satisfactory 

results  for generated unit  cells  were obtained using discretization of  the image into 

a predefined grid of 256 × 256 pixels.

Parameter E
[GPa] ν σ0

[MPa]
ky 

[MPa√m]
d1

[nm]
h1

[MPa] ε Δ

200 0.3 14.23 0.18 220 2500 0.001

Table V-2. Material properties characterizing the constitutive model that are used in  
simulations, where: E is the Young's modulus; ν is the Poisson's ratio; σ0 is the  friction 

stress; ky  is the strengthening coefficient; d1 is the distance between lamellar  
boundaries; h1 is the  soft term of the hardening matrix; εΔ is the strain increment.
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V.2.b.  Local and overall responses of polycrystalline nickel

The effective stress – strain curves that correspond to the investigated zones of 

the DPD sample,  and  consistent  experimental  data  are  presented  in  Fig.  V-13(a–d). 

Based on the results, the following conclusions can be drawn:

(i)  The ultimate strength obtained by the simulations  over  the range of investigated 

strain varies between 570 and 660 MPa, depending on the volume fraction of the fiber 

component  and  compression  load.  For  comparison,  the  experimental  results  over 

the range of investigated strain varies between 645 and 780 MPa; 

(ii) The global tendency of the results suggests that the case of the horizontally applied 

load reaching higher yield and maximum stress than the vertically applied load from 

the same volume fraction of the fiber component;

Figure V-13. Experimental vs. numerical results: (a) experimental true stress – strain 
curves in the center of the impacted disc; (b) numerical effective stress – strain 

response in the center of the impacted disc; (c) experimental true stress – strain curves 
on the edge of the impacted disc; (d) numerical effective stress – strain response on the 

edge of the impacted disc.

(iii) In the case where the volume fraction of the fiber texture component was prescribed 

to  46.4% and  load  was  applied  vertically,  the  material  work  hardens  from 400  to 

530 MPa over the range of plastic strain up to 0.02, then continuing deformation with 
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gradually rises stress (Fig. V-13b). For the horizontally applied load, the material work 

hardens from 430 to 560 MPa over the range of plastic strain up to 0.012, then the stress 

rises gradually up to a limit used for the simulation. However, the experimental yield 

stresses  were estimated at  440 for  the vertically applied  load and 500 MPa for  the 

horizontally applied load (Tab. V-1). They are higher than the numerical values;

(iv) The example representing the case of the fiber texture component prescribed to 

38.8% and applied vertically load, the material work hardens from 420 to 620 MPa over 

the range of plastic strain up to 0.022, then continuing with insignificant stress increase 

over  the  investigated  strain  range  (Fig. V-13d). For  the  horizontally  applied  load, 

the material work hardens from 440 to 640 MPa over the range of plastic strain up to 

0.02,  then  continuing  deformation  with  gradually  rises  stress.  As  in  the  first  case, 

the experimental yield stresses were higher than the numerical. They were estimated at 

460 and 520 MPa, for vertically and horizontally applied load, respectively (Tab. V-1).

Figure V-14(a–f)  shows  an  example  of  the  local  fields  that  results  from 

simulations. The maps correspond to the microstructure with the total volume fraction 

of fiber component  equal to 38.8%. The lattice obtained by the Voronoi tessellation is 

presented in Fig. V-14a. It is shown that the number of grains used in the study makes 

rendered  rectangles  densely  packed  in  each  line.  Consequently,  crystallographic 

orientations  are  randomly  assigned  to  each  grains  and  presented  in  the  form  of 

the Schmid factor map in Fig. V-14b. Several areas of densely packed crystallites with 

the same crystallographic orientation appeared in the map. Conventionally, it is assumed 

that discussed areas represent sub-grain domains in the microstructure of as-processed 

DPD  nickel  (DPD  microstructure  in  Section V.1.b.).  The  local  stress  fields  in 

the microstructure at  ε  = 0.05 of strain are presented in Fig. V-14c and Fig. V-14d for 

vertically and horizontally applied load, respectively. In both figures the component of 

stress is rather heterogeneous and significantly different for each other. However, before 

yielding  of  any  grain  in  the  generated  microstructure  (linear  elastic  case), 

the distribution of both components was similar and stress fluctuations were isotropic. 

Fig. V-14e  and  Fig. V-14f  show  the  distribution  of  the  local  fields  of  strain  that 

correspond to the stress maps discussed above. As in the previous case, both maps in a 

non-linearity  are  heterogeneous  and  significantly  different  for  each  other. 

The localization of the deformation is mostly observed within the weakest grains and 

in bands  between  the  grains.  When  the  non-linearity  increase,  the  contrast  between 

the most and least strained areas of the microstructure becomes higher, and resulting 
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from these locations strain levels are more pronounced in figures.

Figure V-14.:(a) Brick wall-like lattice; (b) Schmid factor map of the microstructure  
with 38.8% of the fiber texture component (the colors indicate the value of the Schmid  

factor); (c) Stress distribution in the case of a vertically applied load in MPa; (d) Stress  
distribution in the case of a  horizontally applied load in MPa; (e) Strain distribution in  
the case of a vertically applied load; (f) Strain distribution in the case of a horizontally  

applied load.
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V.2.c.  Discussion

Based on the results, two major threads come up for discussion:

(i) As shown, the difference in the volume fraction of the dominant orientation between 

two images is sufficient to notice changes in the mechanical response. As the volume of 

grains with fiber component increases, the overall yield stress decreases. This can be 

explained by the higher Schmid factor of grains with fiber component compared to the 

global  average of grains  with prescribed random orientations.  In  other  words,  since 

the Schmid factor is a geometrical measurement that indicates the resolved shear stress 

on a specific slip system, the critical value of the resolved shear stress is reached more 

quickly by the grains that have the highest Schmid factor.

According to the experimental studies on the DPD of nickel, it can be concluded 

that  the  difference  in  strength  within  the  impacted  specimen  is  partially  related  to 

the different crystal lattice rotation that accompanying plastic deformation during the 

impact  from  the  center  to  the  edge.  This  consequently  leads  to  different  texture 

evolution and affect differently mechanical behavior in both investigated regions.

(ii)  The change in  loading direction  causes  the  change in  the  mechanical  response. 

Considering  the  case  of  the  horizontally  applied  load,  the  resulting  yield  stress  is 

slightly higher than for the vertically applied load.  This anisotropic behavior can be 

directly related to the crystallographic orientation of grains. In terms of the Schmid law, 

the grain orientation relative to the loading axis partially determines its ability to deform 

by  plastic  slip.  Therefore,  considering  the  case  of  a  preferential  orientation  within 

the polycrystalline  material,  the  following  potential  interaction  between  neighboring 

grains is different, depending on the direction of the applied load.

In conclusion, it is obvious that since the investigated material has a preferred 

orientation of its crystallites, it has to affect the mechanical strength. When the loading 

was carried out in the same direction as the impact, the interaction among the grains was 

easier. Therefore, it is assumed that the grains can easier continue the deformation with 

respect to the final preferred orientation. When the loading direction was perpendicular 

to  the  initial  impact,  the  interaction  among  the  grains  was  more  difficult.  These 

difficulties to initiate deformation and related higher strength were a consequence of 

the fact that the crystallites were forced to change the crystal lattice rotation evolved so 

far, and due to the small crystallite size which restrict further subdivisions.
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V.3.  Local approach to fracture-based prediction of the    

failure by crack propagation

V.3.a. Influence of triaxial stress state on ductile fracture 

strength of polycrystalline nickel

a) Tensile behavior

True stress–strain curves for both tests are plotted in Fig. V-15(a–b). Because of 

the small grain size (~5 μm) the smooth specimen reached relatively high yield stress 

of 230 MPa followed by slow strain hardening up to the ultimate strength of 630 MPa 

and failure at 0.54 of the true strain. Based on Fig. V-15a (configuration I), it can be 

concluded  that  decrease  in  notch  radius  led  to  an  increase  in  maximum stress  and 

decrease  in  failure  strain.  This  tendency  was  not  observed  in  the  second  test. 

Figure V-15b  shows  that  by  increasing  notch  depth  with  fixed  notch  radius 

(configuration II) somewhat constant maximum stress was observed, while failure strain 

lengthen with the increase of the inner radius.

Figure V-15. True stress-strain curves for: (a) Configuration I; (b) Configuration II.
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b) Fractography

A final failure surface emerged as a consequence of homogeneous deformation, 

necking,  nucleation  of  voids,  coalescence  of  voids,  crack  formation,  and  shear 

formation.  The  so-called  'cup  and  cone' fracture  was  typical  for  all  specimens 

(Fig. V-16a), where 'cup' appeared as a flat fracture and 'cone' was represented by shear 

lips. A typical dimple rupture region in the center of the specimen (Fig. V-16b) points at 

pure  mode  I  crack  growth,  while  shear  failure  occurs  at  the  outer  surface  of 

the minimum  section  at  an  angle  of  45° to  fractured  cross-section  [Tvergaard and 

Needleman,1984].  All  specimens  showed  two  populations  of  dimples  (Fig. V-16c). 

Precisely, large dimples grown up to several microns, whereas small dimples were one-

to-two orders of magnitude smaller. It might be concluded that particles at the source of 

primary dimples break or debond first. During the test, when the higher level of plastic 

strain and lower level of stress triaxiality were reached, the secondary dimples appeared 

among primary ones. Both type of dimples were joined together by coalescence. The 

size of inclusions observed in the dimples (Fig. V-16d) was estimated at about 200 nm.

Figure V-16. Fracture surface of nickel tensile bar: (a) 'cup and cone' failure mode;
(b) equiaxed dimples in the central region; (c) populations of the large and small  

dimples; (d) dimples containing nanoparticles.
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c) Numerical results

The force – displacement curves are plotted in Fig. V-17b(a–b). Both numerical 

and experimental set of curves show the same trend. Higher yield force and ultimate 

force  were  observed  together  with  decreasing  notch  radius  in  the  configuration  I 

(Fig. V-17a). Simultaneously, the elongation to failure became smaller as compared to 

smooth specimen. In case of the second configuration,  the elongation to failure and 

ultimate  force  increased  with  the  diameter  of  the  minimum  cross-section.  A good 

agreement was found between simulated and experimental curves for all  specimens. 

The experimental  forces  were  nevertheless  higher  than  the  simulated  for  notched 

specimens.  This  might  be attributed to  the higher  hydrostatic  pressure generated by 

notch. In other words, the GTN model rely on the von Mises plasticity theory which 

takes  into  consideration  the  second deviatoric  stress  invariant  in  yield  function  and 

assumes plastic incompressibility. Therefore, the results of plastic deformation should 

be irrespective of the hydrostatic component of the stress tensor, what is not the case 

here.  Almost  perfect  agreement  between curves  of  the  smooth  specimen was found 

under  strain  hardening  conditions.  It  is  not  surprising  since  the  input  material 

stress – strain curve was obtained from this experiment. Additionally, the void volume 

fraction at this stage was insignificant and the triaxial stress state (0.33) not high enough 

to influence the material  flow.  The last  stage of  deformation for all  specimens was 

accompanied by shear  (shear  lips  in  Fig. V-16a).  Because the GTN model  does not 

predict shear failure mechanism, the last stage of the results should be treated  as an 

approximation.

Figure V-17. Comparison of experimental vs. numerical results for 
load – displacement data: (a) Configuration I; (b) Configuration II.

Critical points at the onset of coalescence and failure for void volume 
fracture are marked by yellow and red dots, respectively.
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The phenomenon of necking in specimens at points of instability, maximal force 

and failure is  shown in Fig. V-18.  Plastic deformation around the notch tip deduced 

from the  numerical  simulations  captured  this  phenomenon  correctly.   For  example, 

Figure V-18. Digital images of specimens vs. hydrostatic pressure fields of the necking  
phenomenon at points of: (a) instability; (b) maximal force; (c) failure. Type of  

specimen: (1) D4R4.0; (2) D4R1.5; (3) D4R0.3; (4) D5R1.5; (5) D6R1.5.
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the final diameters of the minimum cross-sections obtained from the configuration II 

were 0.89, 1.0, 1.33, and 1.69 mm for smooth and three notched specimens (in order of 

increasing diameter D1), respectively; whereas 0.84, 1.0, 1.31, and 1.8 mm measured 

from the simulations. The disagreement in some extent was attributed to the fracture 

mode  transition  from flat  to  slant.  Since  the  final  stage  of  crack  propagation  was 

dominated  by  shear  fracture,  a  different  model  is  required  to  represent  a  failure 

mechanism. A one half of the specimen shows the hydrostatic pressure field close to the 

notch tip. Numerical results show that the stress was highly concentrated at the root of 

the notch. The smaller notch radius in the configuration I, the higher concentration of 

stress.  The second configuration showed that by increasing the critical  cross-section 

the value of concentrated stresses is lower. Therefore, the hydrostatic stress effect on 

yielding differently in each case. 

The  decay  of  true  strain  at  the  point  of  instability  with  increasing  stress 

triaxiality is plotted in Fig. V-19.  A power trend line for fracture initiation and stress 

triaxiality ratio in the range between 0.33 and 1.47 was fit to the data (dashed line). 

The scatter of the experimental data points is relatively small with respect to the failure 

curve. For investigated material and stress triaxiality range, the true strain at failure can 

be approximated by the formula

f (x )=0.16 × x −0.96

Figure V-19. Decay of true strain at the point of instability in the range of 
stress triaxiality ratio between 0.33 and 1.47.

The evolution of void volume fraction as a function of effective plastic strain 

standing for investigated specimens is shown in Fig. V-20a. The size of voids becomes 

larger  in  volume  as  the  effective  plastic  strain  increases,  and  at  the  end  of 

the simulations  varies  between  different  geometries. Reaching  a  critical  point  at 
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the onset of coalescence cause the volume fraction of void to increases rapidly. This 

value is not constant for an investigated range of stress triaxiality (Fig. V-20b). Figure 

IV-20c presents the void volume fraction corresponding to effective failure strain where 

void coalescence ensue. An increase in stress triaxiality resulted in the decrease of both 

critical and failure effective strain. The slope of the linear trend line fitted to the data 

ensure a good approximation values for both fC and fF.

Figure V-20.: (a) Evolution of void volume fraction as a function of effective plastic  
strain; (b) Void volume fraction at the onset of coalescence, fC ; (c) Void volume fraction 

at failure, fF.
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d) Discussion

The overall results shows the legitimacy of the chosen parameters in numerical 

simulations. The values of the curve fitting parameters defined as a constant give a good 

numerical  prediction  of  the  load – displacement  relation.  However,  recently  it  was 

shown that both parameters varies together with stress triaxiality and initial porosity 

[Kim et al.,2004].  Consequently,  both  affect  evolution  of  voids  and  macroscopic 

stress – strain  curve  shape  [Faleskog et al.,1998] [Gao et al.,1998].  The  numerical 

calibration  of  porosity  parameters  allow  to  reach  the  best  agreement  with 

the experimental  data. The damage is  predicted correctly by evolution of voids in  a 

multi-step process controlled by nucleation, growth and coalescence. Simultaneously, 

fractography and image processing techniques may serve as a base for the calibration of 

the  porosity  parameters [Zhang,1996].  Because  it  is  often  difficult  to  estimate  real 

values by this approach,  one should be very cautious at this stage.  The critical void 

volume  fraction  was  defined  at  the  point  of  load  drop.  Alternatively,  the  unit  cell 

models were  proposed  elsewhere  to  find  the  well-matched  value  [Zhang,1996] 

[Faleskog et al.,1998].  However,  it  was  shown  in  this  study  and  elsewhere 

[Pardoen and Hutchinson,2000] that  the  critical  porosity  has  not  constant  value. 

The results  might be affected by both stress triaxiality [Koplik and Needleman,1988]

[Brocks et al.,1995] and temperature.
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V.3.b.  Application  of  the  local  approach  to  fracture-based

prediction for high strength steel

a) Tensile behavior

Figure V-21 shows the true stress–strain curves for investigated configurations. 

The  smooth  tensile  specimen  reveals  a  good combination  of  strength  and  ductility, 

indicating a high degree of toughness. Upon initial loading, the material displays linear 

elastic  behavior  up to  a  stress  of  approximately 815 MPa and strain level  of  0.004. 

At the upper level of this initial linear region, the stress – strain curve passing through 

a region  in  with  the  plastic  front  moves  at  constant  stress  level.  This  phenomenon, 

the so-called  Lüders  band,  is  frequently  reported  for  steels  and  bcc polycrystalline 

materials [Ananthan and Hall,1991][Ananthakrishna,2007]. However, the camera used 

for the tensile tests does not captured localized regions of plastic deformation. Then no 

strain hardening effect is  followed by the uniform plastic deformation with positive 

strain hardening.  The curve exhibits strain hardening behavior up to ultimate stress of 

980 MPa and strain of 0.12. In the final strain softening stage, the material is able to  

carry the load until it reach inherent failure strain of 0.24. The two configurations are 

radically  different  in  terms  of  the  shape  of  curves,  and  show  the  sensitivity  of 

the material to the presence of the notch. Precisely,  the decrease in the notch radius 

Figure V-21. True stress – strain curves for: (a) Configuration I; (b) Configuration II.
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leads to increase in maximum stress and decrease in failure strain (configuration I in 

Fig. V-21a).  For example,  the specimen with notch radius of 0.3 mm has reached its 

maximum stress of 1660 MPa, which is twice as high as the smooth specimen,  while 

strain  was  drastically reduced  to  0.013.  In contrast, the  configuration II  does  not 

exhibit   the   sudden  increase  in  stress,  but  the  failure  strain  extends  along  with 

increasing notch depth (Fig. V-21b).

b) Fractography

The fractured surfaces were examined by the SEM technique, and the resulting 

observations  are  shown  in  Fig. V-22(a–e).  From  a  macroscopic  point  of  view,  the 

fracture surface appears by the moderate amount of local necking and characteristic 'cup 

and cone' surface (Fig. V-22a). The inner circle of the specimen shows the failure under 

Mode I with the fracture surface normal to the loading direction. The outer circle shows 

a shear mode of failure with the surface separation at an angle of ±45° with respect to 

the fractured cross-section [Tvergaard and Needleman,1984].

From  a  microscopic  point  of  view,  as  revealed  by  the  fractured  surface  in 

Figs. V-22,  crack  extension  and  subsequent  failure  were  governed  by the  initiation, 

growth,  and  coalescence  of  voids.  In  general,  the  observations  exhibited  two 

characteristic features: (i) one set of large dimples up to several microns deep, that are 

separated by (ii) the regions of finer dimples of one to two orders of magnitude smaller 

(Fig. V-22b).  In  both,  the  SEM observations  show the  evidence  of  void  nucleating 

particles  due  to  either  particle  cracking  or  particle-matrix  debonding.  Figure V-22b 

shows  two  types  of  particles,  where  one  of  them  breaks  and  the  second  exposes 

decohesion. Depending on chemical composition, the inclusions form various shapes of 

different sizes, starting from the smallest spheroidal particles with tens of nanometres 

size, and ending with angular particles to several tens of micrometers. It is assumed that 

the process of ductile tearing starts at greater inclusion-matrix interface, and is followed 

at smaller second-phase particles. The vast majority of the fracture surface area was 

covered with small dimples. Figures V-22(b–c) show characteristic areas of the fracture 

surface that possess voids with a shape related to the failure mechanisms. For example, 

Fig. V-22c  shows  the  surface  of  the  outer  ring  composed  of  very  fine,  flatted  and 

stretched  voids,  while  Fig. V-22b  the  dimple  type  fracture  surface  arranged  in 
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Figure V-22.: (a) 'cup and cone' shaped failure surface of the smooth specimen;
(b) mechanism of void nucleation by particles fracture and interfacial decohesion,

were dimples are arranged in the loading direction; (c) surface with flatted and 
stretched voids in the shear mode fracture surface; (d) fracture surface indicating

void coalescence; (e) fracture surface with the ridge pattern.
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the loading direction.  The fractographic evidence of void coalescence on the fractured 

surface is  presented in Fig. V-22d, where locally distributed voids reached a critical 

proportion needed for coalescence. However, the fracture surface is not uniform, and 

well developed ridge patterns are seen in Fig. V-22a and Fig. V-22e. The occurrence of 

such a mechanism during fracture gives evidence of limited ductility.

c) Numerical results

Figure V-23(a–b) presents the set of curves, in respect of two configurations, for 

a  given force – displacement  history of  uniaxial  tension  tests.  The numerical  results 

show trends similar  to those found in the experiments.  A very good agreement  was 

observed between experimental and numerical data of the smooth specimen under strain 

hardening conditions. This proves that, the void volume fraction at this stage has not 

been overestimated,  and the triaxial  stress state (0.33) not  high enough to influence 

the material  flow.  However,  some  differences  appeared  between  experimental 

and simulated  force  in  the  case  of  notched  specimens.  This  is  attributed  to: 

(i) the higher hydrostatic pressure generated by notch in the critical cross-section, and 

(ii) the limitation of the GTN model that is related to the von Mises plasticity theory, as 

discussed in  Section V.3.a. When considering the configuration I, it can be concluded 

that  decreasing  notch  radius  causes  a  pronounced  increase  in  yield  and  ultimate 

tensile force  (Fig. V-23a).  On  the  other  hand,  it  has  a  negative  influence  on 

Figure V-23. Comparison of experimental and numerical results for 
load–displacement data: (a) Configuration I; (b) Configuration II.

Critical points at the onset of coalescence and failure for void volume 
fracture are marked by yellow and red dots, respectively.
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the elongation to failure, reducing it in comparison to the smooth specimen. In contrast, 

the configuration II induces increased elongation to failure. The ultimate force is also 

higher due to the increasing diameter of the minimum cross-section. In the numerical 

results  the last  stage of the deformation,  accompanied by shear  in  the experimental 

studies  (Fig. V-22a),  is  only  an  approximation  of  real  deformation.  This  is  due  to 

the GTN model that cannot predict shear failure mechanism.

Figure V-24. Digital images of specimens vs. hydrostatic pressure fields of the necking  
phenomenon at points of: (a) instability; (b) maximal force; (c) failure. Type of  
specimen: (1) D4R4.0; (2) D4R1.25; (3) D4R0.3; (4) D5R1.25; (5) D6R1.25.

Fig. V-24 shows changes in the shape of the specimens captured by the camera 

and  numerical  simulations  at  the  points  of  instability,  maximal  force  and  failure. 

130



Chapter V. The results

The numerical  simulations  predicted  the  deformation  shapes  of  specimens  properly. 

For example,  the  final  diameters  of  the  minimum  cross-section  obtained  from 

the configuration II were 1.3, 1.87, 2.29, and 2.44 mm for smooth and three notched 

specimens  (in order  of increasing diameter  D1),  respectively;  whereas  1.18,1.8, 

2.21, and 2.37 mm measured from the simulations. Differences in the curvature result 

from  the  fracture  mode  transition  (from flat  to  shear),  which  can  not  be  properly 

described  by  the  GTN  model.  A  one  half  of  the  specimen  in  Fig.  V-24  shows 

the hydrostatic pressure field close to the notch tip. It is clearly shown that the root of 

the  notch  was  highly  stressed  under  tension.  Based  on  the  results,  the  following 

conclusions  can  be  drawn:  (i)  the  smaller  notch  radius,  the  higher  concentration  of 

the stress, as shown by the results of the configuration I; (ii) by increasing the critical  

cross-section  the  value  of  concentrated  stresses  is  lower  (configuration II). 

Consequently,  each  shape  of  the  specimen  (defined  by the  diameter  D1  and  notch 

radius R) induces different hydrostatic stress, and affect the yield differently.

Figure IV-25. Decay of true strain at the point of instability in the range of 
stress triaxiality ratio between 0.33 and 1.47.

Experimental  failure  strain  and  numerically  predicted  stress  triaxiality  are 

plotted in Fig. V-25. On the basis of the results it  can be concluded that  the higher 

stress triaxiality the lower value of the failure effective strain.  The data set of fracture 

initiation and stress triaxiality ratio in the rage between 0.33 and 1.47 fit a power trend 

line represented by dashed line. The data points on the graph shows a small scatter from 

the failure curve. For the investigated material and stress triaxiality range the true strain 

at failure can be approximated by formula:

f (x )=0.04 × x −1.69
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The void volume fraction evolution as a function of the equivalent plastic strain 

is  presented in Fig. V-26a.  There is  no doubt that,  with the increasing plastic  strain 

follows the larger volume occupied by voids. Moreover, the void volume fraction has 

different evolution up to failure strain for each specimen. Consequently, the value of 

the critical void volume fraction, fC (Fig. V-26b), and the void volume fraction at failure, 

fF (Fig. V-26c),  varies  for  the  investigated  range  of  stress  triaxiality  (0.33 – 1.47). 

The values  of  these  parameters  form  slightly  upward  trend  lines,  giving  a  good 

approximation for both fC and fF  parameters against equivalent plastic strain.

d) Discussion

The  presented  numerical  results  confirmed  that  the  selected  GTN  model 

parameters were sufficiently well matched to reproduce the behavior of the material. As 

in the case of nickel,  the curve fitting parameters (q1, q2)  with fixed values gave an 

adequate  numerical  prediction.  In  parallel,  the  estimated  macroscopic 

load – displacement curves are affected only slightly by the chosen porosity parameters, 

(f0, fC, fF).  Generally,  the  numerical  calibration  reaches  a  very  good  agreement  with 

the experimental data. However, the reduction of the minimum cross-sections obtained 

by numerical simulation is slightly greater than those obtained by the image calibration 

technique. It is shown that a critical porosity and the porosity at failure show trends over 

the equivalent plastic strain. 
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Figure V-26.: (a) Evolution of the void volume fraction as a function of the effective  
plastic strain; (b) Void volume fraction at the onset of coalescence, fC ; (c) Void volume 

fraction at failure, fF.
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V.3.c.  Fracture toughness evaluation of high strength 

steel

a) Numerical procedure

The numerical procedure relied largely on the GTN model parameters that were 

assumed  or  calibrated  for  the  notched  tensile  specimen  problem  (Chapter IV.2.b.). 

Further,  some  of  them  evolved  based  on  the  results  presented  in  Chapter V.3.b.. 

The problem  to  solve  became  three  dimensional,  and  some  simplifications  were 

necessary in order to reduce computation time and memory consumption. Therefore, 

the procedure used in the examination of the CT specimens was as follows:

(i) The numerical simulations were performed using ABAQUS finite element package 

[ABAQUS,2005]. The specimens were modeled in a full three dimensional case. A side 

view  of  the  specimen  is  presented  in  Fig. V-27.  The  load  line  displacement  was 

evaluated at the points marked by the yellow dots. These points reflect the position of 

the knife edges on the specimens. The fatigue pre-crack, highlighted by a bold black 

line was modeled by the so-called 'seam'. The seam is defined as a face that is initially 

closed. When the analysis runs, the seam can open because of the placed overlapping 

duplicate  nodes  on  a  mesh  network  along  the  seam  [ABAQUS/CAE,  Interaction 

module]. The specimens were loaded by means of a velocity at the position of the pins, 

marked by the red dots. The loading pins were modeled as rigid bodies with forced 

motion in the vertical direction (the other motions were restrained). A general contact 

with surface pairs was defined between pins and specimens. When the analysis starts, 

a small gap was established between pins and specimens in the vertical direction.

(ii)  The  mesh  size  has  changed  in  comparison  to  the  tensile  specimen  simulation. 

Because of three dimensional problem and specimen size, the mesh preserves the same 

dimensions only in the crack extension plane, i.e., 50 × 50 μm in the plane shown in 

Fig. V-27. However, these regular-shaped elements were introduced only in the length 

of  2 mm.  The third  dimension of  the sample,  the thickness,  affects  the accuracy of 

the results only through the grid concentration. Thus, the mesh along the thickness of 

the sample and areas of less importance was coarsened. The resulting finite element of 

50 × 50 × 500 μm was used at the crack tip zone.
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Figure V-27. Side view of the CT specimen and parameters characterizing
the constitutive model.

(iii)  The  parameters  used  in  the  numerical  analysis  are  listed  in  Fig. V-27. 

The elastic – plastic properties, curve fitting parameters, initial porosity and nucleation 

parameters remained the same, while the porosity parameters,  fC  and fF, were selected 

based on the following analysis. 

(iv) The numerical results presented in  Chapter V.3.b. revealed that the void volume 

fraction evolve differently depending on the notch. Since the notch geometry creates 

stress triaxiality gradient in the specimen, the relationship between these parameters can 

be  related  as  presented  in Fig. V-28(a–b).  Figure V-28(a)  presents  the void  volume 

fraction  at  the  onset  of  coalescence,  i.e.,  at  the  maximum  tensile  force  for 

the investigated  tensile  specimens.  The  data  show  a  clear  upward  trend  over 

the investigated range of stress triaxiality. The inverted trend is observed in the case 

of the  void  volume  fraction  at  failure,  as  shown  in  Fig. V-28(b).  Similarly, 

the experimental  results  are  found  to  be  in  good  agreement  with  the  theoretical 

predictions.  Worth  noting  is  the  large  span  in  the  resulting  values  of  void  volume 

fraction at failure, from 0.525 to 0.004. In the case of the higher triaxial stress state 

(i.e., 1.47) is close to the critical value of the voids. Consequently, the values of fC and fF  

were  selected  as  follows:  First,  the  value  of  the  critical  void  volume  fraction  was 

estimated  based  on  the  formula  in  Fig. V-28(a);  Then,  the  void  volume fraction  at 

failure was treated by the same procedure (Fig. V-28(b)). However, the given fF value 

for the trend line was lower that the value of  fC.  This problem forced the choice of 

the value of fF that was at least slightly greater than the value of fC. In result, the values 

of 0.0044 and 0.0045 were chosen for the fC and fF, respectively.
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Figure V-28. Void volume fraction as a function of stress triaxiality: (a) void volume 
fraction at the onset of coalescence, fC; (b) void volume fraction at failure, fF.

b) Fractography

Figure V-29 presents  the  fractured  surfaces  of  the  investigated  specimens.  In 

the case of the sample without side grooves, i.e., No. 3 in Fig. V-29, clearly visible shear 

lips were developed on both sides of the rapid crack propagation zone. It is assumed that 

no  fully  plane  strain  conditions  were  conducted  during  this  test.  Nonetheless,  that 

problem not appear in the case of the specimens with side grooves.
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Figure V-29. Fracture surface of the investigated specimens,
where BN describe the net thickness in mm.

SEM  characterizations  shown  that  crack  propagation  and  following  failure 

mechanisms  were  similar  to  the  tensile  specimens.  As  presented  in  Figure V-30(a), 

the crack propagates due to growth and coalescence of the voids that open up ahead of 

the  crack  tip.  As  the  crack  progressed,  the  dimples  became larger,  deeper  and less 

regular in comparison with those, close to the fatigue pre-crack zone. Figure V-30(b) 

shows  a  population  of  small  and  smooth  shaped  particles  in  the  dimples.  This 

population of larger dimples was surrounded by the dimples that were one to two orders 

of magnitude smaller. 

Figure V-30. Rupture surface of the broken CT specimen: (a) area at the crack tip
with two zones that can be distinguished: fatigue pre-crack and ductile crack;

(b) dimples containing particles.
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c) Experimental results

Figure V-31 presents the KC and KJc (based on JC) values estimated at the point of 

instability based on ASTM E 1820 standard procedure. As it is presented, the values of 

the  fracture  toughness  vary  with  the  net  thickness  of  the  sample.  Considering 

the specimen with a full thickness of 25 mm, the higher value of the fracture toughness 

was related to the presence of the shear lips, as shown in Fig. V-29. These shear lips 

correspond to a failure under plane stress conditions, known to be a factor increasing 

the crack  resistance.  No  evidences  of  shear  lips  were  observed  with  side-grooved 

specimens.  This  means  that  the  failure  occurred  under  plane  strain  conditions. 

The difference  in  the  toughness  of  the  side-grooved  specimens  can  be  related  to 

the intrinsic variation of the measured values. It is most likely that by repeating these 

side-grooved  specimen  tests,  no  difference  could  be  observed  between  the  average 

toughness measurements of 15 and 20 mm net thickness specimens. Regardless of these 

considerations, the average value of the fracture toughness was estimated roughly at 

130 MPa√m . This value is higher than reported in literature for the martensitic steel 

[Firrao et al.,2005]. Figure V-32(a) shows a typical force – load line displacement curve 

for  the  investigated  specimens  with  a  measured  compliance  at  several  stages. 

The implemented unloading compliance procedure for the measurement of the crack 

growth  shows  that  the  compliance  decreases  after  each  partial  unloading  of 

the specimen  (Fig. V-32(b)). Its  mean  that  the  material became 'stiffer' due  to 

the permanent  plastic  deformation  at  the  crack  tip.  This  mechanism,  the  so-called 

'blunting' of the crack, was most probably responsible for the higher value of fracture 

toughness.

Figure V-31. Fracture toughness KC measurements at the point of instability
in relation to the thickness of the specimens.
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Figure V-32.: (a) Force vs. load line displacement curve of the pre-cracked CT 
specimen (ID - 2) with unloading stages; (b) resulting compliance.

d) Numerical results

Figure V-33(a)  shows  the  numerical  results  of  the  CT  specimen  tests. 

The applied  velocity  on  the  pins  resulted,  however,  in  the  reaction  force  that  was 

non-constant.  This  behavior  does  not  reflect  the  experimental  results,  as  shown  in 

Fig. V-33(b).  The crack  initiation  starts  somewhat  sooner  in  the simulations  than in 

the case of experimental results. The crack gradually propagated until the critical point 

was  reached,  where  it  was  a  complete  drop  of  the  load.  Figure V-33(c)  presents 

the value of the equivalent plastic strain shortly before the crack initiation at the crack 

tip in the thickness direction. Both specimens with side grooves were in the plane strain 

conditions since the equivalent plastic strain in the center of the samples was equal 

   

ID B
[mm]

Pmax 

[kN]
experimental

Pavg 

[kN]
simulation

v 
[mm]

experimental

v 
[mm]

simulation

KC 

MPa √m
experimental

KC 

MPa √m
simulation

1. 15 40.80 29.0 0.70 0.44 112.51 80

2. 20 60.03 54.6 0.82 0.56 135.69 123

3. 25 69.69 71.0 0.90 0.79 146.78 149

Table V-3. Numerical estimations and experimental data for the CT specimens, where:  
Pmax is the force at the point of instability; Pavg is the average force estimated up to  

the removal of the first elements; v is the load line opening displacement at the position 
of the knife edges; Kc is the fracture toughness.
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zero. The sample without side grooves does not meet the requirement for plane strain 

conditions. The values of the load line opening displacement, corresponding forces and 

estimated fracture toughness are listed in Tab. V-3.

Figure V-33. CT specimens investigations: (a) numerical results; (b) experimental  
results. The colored arrows indicates the moment of the crack propagation, F is  

the load, S0 is the initial cross-section, and v is the opening displacement; (c) equivalent  
plastic strain at the crack tip in the thickness direction (before the crack propagation).

140



Chapter V. The results

e) Discussion

The fracture of the CT specimen occurred in a fully ductile manner, as revealed 

by the SEM observations.  The ductile fracture initiation process (controlled by void 

nucleation,  growth  and coalescence)  was  preceded by the  blunting  of  the  crack,  as 

deducted from the compliance measurements in Fig. V-32. Consequently, the estimated 

numerical  values  of  the fracture toughness,  KC,  and load line displacement,  v,  were 

lower that the experimental estimates. This fact motivate a new numerical study, which 

will  take  into  account  the  strengthening  due  to  the  crack  blunting.  Comparing 

experimental  results  (Fig. V-29)  and  numerical  simulations  (Fig. V-33(c))  it  can  be 

concluded  that  side  grooving on the  specimen has  a  positive  effect  on  the  fracture 

toughness estimation by providing plane strain conditions. The specimen without side 

grooves  is  more  sensitive  to  conditions  at  the  crack  tip,  which  results  in  higher 

toughness value and shear lips on the sides of the sample.  
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Chapter VI. Conclusions and perspectives

VI.1. Conclusions

The aim of this thesis was to study two main topics regarding deformation and 

failure mechanisms of ufg materials. The first topic addressed the plastic deformation as 

a mean to develop an ufg microstructure. The second topic dealt with the generation of 

ductile toughness data when the limited amount of ufg materials were available.

With regard to the first topic, the main objectives were:

(1-i)  the evaluation of the DPD technique to produce ufg nickel,

(1-ii)  the  development  of  the  FFT  numerical  procedure  to  estimate  the  mechanical 

response of ufg nickel based on the crystal plasticity theory.

The following conclusions can be drawn from the results of the first topic:

(1-i) The DPD technique is able to refine the microstructure of polycrystalline nickel 

to a  size  range  of  approximately  200 nm.  The  EBSD  observations  show  in 

the microstructure  a  mixture  of  sub-grain  and lamellar  elongated  grains that  are 

surrounded  by  HAGBs,  while  LAGBs  pass  through  grain  interiors.  The  TEM 

investigations show that the dislocation patterns correlate with LAGBs. The density of 

dislocation estimated by the XPLA technique is about 14 ±3 1014 m-2. Depending on 

the  technique  used,  the  average  crystallite  size  varies  in  the  range  of  hundred 

nanometers. The microstructure develops a  <220>  fiber texture component parallel to 

the  impact  axis.  Finally,  the  compression  tests  reveal  significant  differences  in 

the mechanical properties between initial and impacted states accompanied by the large 

increase of the dislocation density during impact.  It is revealed that compressive yield 

strength and strain hardening behavior depend on loading direction and location in the 

impacted disc due to the variation of the texture.

(1-ii)  The  FFT  numerical  technique  is  applied  successfully  to  the  processed  ufg 

microstructure, and is able to reproduce experimental tendencies. The results show that 

the  fiber  texture  of  two  different  strengths,  together  with  the  lamellar-like  grain 

structure, strongly affect the mechanical behavior depending on the direction of strain. 
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With regard to the second topic, the main objectives were:

(2-i) the study on the influence of stress triaxiality on failure strain of two highly ductile 

materials,  i.e.,  nickel  and  ufg steel,  through  experimental  programs  and  numerical 

simulation campaigns involving the GTN model,

(2-ii) the estimation of ductile fracture toughness of ufg steel by a combined numerical 

and experimental approach based on the LAF. 

    The following conclusions can be drawn from the results of the second topic:

(2-i)  The hypotheses of the ductile failure processes based on the nucleation, growth 

and coalescence of microvoid is successfully applied for both polycrystalline nickel and 

high strength steel. It is shown that the triaxiality plays a major role on the damage 

evolution,  which  is  demonstrated on the  stress-strain  curves  by decreasing ductility. 

The GTN model and related damage parameters proposed in this study give satisfactory 

predictions of crack formation and propagation in both tested materials. 

(2-ii)  It  is  shown  that  the  combined  numerical  and  experimental  LAF  procedure 

provides a mean to generate Mode I fracture toughness data. It is equally shown that 

fracture toughness data can be generated when material is available in limited amount 

using small size notched specimens. This procedure provides also a mean to establish 

the toughness dependence on sample thickness.
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VI.2. Perspectives

Although success has been achieved in most of the results, improvements can be 

made in the following directions:

(i)  A  comprehensive  study  of  the  DPD  technique  leads  to  a  more  complete 

understanding of the deformation mechanisms in  fcc metals. To this  end,  additional 

experimental studies in combination with material characterization are needed to precise 

the relationship  between  microstructure  evolution  and  dynamic  plastic  deformation. 

Nevertheless, it is shown that the microstructure after deformation is not homogeneous. 

Numerical  simulations  have  to  be  undertaken  as  to  optimize  this  grain  refinement 

technique. Preliminary numerical simulations with the finite element code Abaqus using 

a  material  model  based  on  a  quasi-static  material  response  reveal  a  temperature 

increase  with  plastic  deformation.  More  completed  numerical  investigations  with 

a material law taking in account the strain, strain rate and temperature dependance have 

to  be  conducted  to  establish  which  DPD  processing  route  parameters  will  favor 

homogenization. 

(ii)  The  proposed  FFT numerical  model  allows  to  estimate  trends  for  the  complex 

problem, such as the plastic deformation of polycrystalline materials. The precision can 

be improved by adding physical laws governing the experiment for the evolution of 

the dislocation structures during straining. For this purpose, a hardening law based on 

the  dislocation  density  evolution  can  be  proposed,  which  will  be  supported  by 

the experimental work (e.g. by XLPA).

(iii)  Studies so far on the effect of stress triaxiality on plastic yielding show a good 

understanding of this problem. In the present study it is shown that the ductile fracture 

parameters  of  the  GTN  model  are  material  dependent.  The  experimental  setup  of 

the notched specimens is sufficient to calibrate numerical model and obtain satisfactory 

results. However, the future progress in the ductile fracture modeling can still be made 

in several directions.  For example,  a further improvement can be made by studying 

the dependency  of  fracture  parameters  on  the  triaxial  stress  state.  Complementary, 

the influence  of  shape  and  distribution  of  voids  could  be  another  mean to  improve 

the numerical simulations.
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(iv)  Efforts  should  be  made  towards  future  improvement  of  both  experimental  and 

numerical  investigations  of the CT specimen.  From the experimental  point  of  view, 

the specimens with a wider range of the thickness could be investigated as to precise 

the size  requirements  for  data  acquisition  of  ductile  plane  strain  fracture  toughness. 

It could  help  to  a  better  knowledge  of  the  influence  of  the  sample  thickness  on 

the measurement of fracture toughness. Future improvements can be also made with 

the FEM technique,  when modeling  crack  tip  region.  Because the crack  tip  ends  at 

a singularity, it is difficult to determine the effect of the notch root radius (that occurs in 

reality) on apparent fracture toughness. New numerical studies should be consider, for 

instance, taking into account the blunting at the crack tip.
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Deformation mechanisms and fracture strength of polycrystalline
ultrafine-grained materials: experimental and numerical investigations

Abstract

The objective of this thesis is to provide insights of two fundamental topics regarding 
the deformation and failure mechanisms of ultrafine-grained face-centered cubic metals. 
The  first  topic  considers  the  mechanisms  of  plastic  deformation  as  a  desired  grain 
fragmentation  process  in  order  to  achieve  a  significant  refinement  of  structural 
elements.  For  this  purpose,  the so-called  Dynamic Plastic  Deformation technique is 
used  to  cause  the  grain  refinement  of  polycrystalline  nickel.  Subsequently,  a  Fast 
Fourier  Transform  numerical  procedure  is  applied  to  the  microstructure  after 
deformation, and the results are compared with the experiments. The second topic deals 
with  the  effect  of  the  stress  state  on  ductile  toughness  along  with  identification  of 
the mechanisms leading to tensile failure. To this end, a small-scale experimental and 
numerical  modelling  techniques  are  developed  and  implemented  to  predict  fracture 
behaviour  of  polycrystalline nickel  and steel.  Consequently,  the obtained results  are 
used to formulate a criterion applied to the crack tip situation. The numerical results are 
compared with the experimental data to validate the procedure and estimate fracture 
toughness of the investigated material.

Keywords: ultrafine-grained  nickel,  Dynamic  Plastic  Deformation,  FFT-based  numerical  procedure, 
local approach to fracture, Gurson model, fracture toughness, stress triaxiality

Mécanismes de déformation et résistance à la rupture des polycristaux
à grains ultra-fins: études expérimentales et numériques

Résumé

L'objectif de cette thèse est à travers deux thèmes fondamentaux d’étudier et analyser 
les mécanismes de déformation et de rupture des polycristaux cubiques à faces centrées 
à  grains  ultra-fins.  Dans  le  premier  thème  la  déformation  plastique  est  considérée 
comme  un  procédé  de  fragmentation  des  grains  en  blocs  plus  petits.  À  cet  effet, 
la technique  dite  du  poids  tombant  (développée  au  LISMMA-Supméca)  qui  est 
un procédé de déformation plastique en régime dynamique est utilisée pour l'affinement 
des grains de nickel polycristallin. Les mécanismes d’affinement et de déformation sont 
ensuite  analysées  expérimentalement  et  numériquement  par  transformée  de  Fourier 
rapide  (Fast  Fourier  Transform).  Le  deuxième  thème  traite  de  l'influence  de 
la tri-axialité  sur  la  ténacité  des  matériaux  ductiles  ainsi  que  de  l'identification 
des mécanismes conduisant à la rupture en traction. À cette fin, des essais de traction 
sur mini-éprouvettes à entaille circulaire et des techniques de modélisation numérique 
sont développés et mis en œuvre pour prédire le comportement à la rupture du nickel 
polycristallin et d’un acier. Les résultats obtenus sont utilisés pour formuler un critère 
appliquable au chargement d'une fissure. Les résultats numériques sont comparés avec 
les  données  expérimentales  pour  valider  la  procédure  et  estimer  la  ténacité 
des matériaux étudiés.

Mots clés: nickel à grains ultra-fins, Déformation Plastique Dynamique, méthode FFT, approche locale  
de la rupture, modèle de Gurson, ténacité, tri-axialité des contraintes


