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Résumé:  

Le présent travail est consacré à l'analyse de l’effet de la vitesse de déformation et de la taille des 

grains sur les mécanismes de plasticité activés lors de la déformation plastique dans deux types de 

matériaux polycristallins: (i) le zinc (Zn), de structure hexagonale compacte, et ayant des tailles de 

grains dans le domaine micrométrique (300 µm) et dans le domaine des grains ultrafins (200 nm). Ces 

matériaux sont déformés en compression quasi-statique et dynamique (vitesse de déformation 

atteignant 10 5 s-1) à l’aide de bars de Hopkinson (DIHPB) ; (ii) le nickel (Ni) électrodéposé à grains fins, 

de structure cubique à faces centrées ayant une taille moyenne de grains de l’ordre de 4 µm, 

également déformé en compression dynamique (DIHPB). Des différences significatives en termes de 

micro-mécanismes de déformation dans les deux régimes ont été mises en évidence: (i) pour des 

faibles vitesses de déformation et jusqu'à ~102 s-1, la déformation a lieu principalement par glissement 

des dislocations à la fois dans Ni et dans Zn à grains nanométriques. Toutefois, un maclage important 

est observé dans le cas des échantillons Zn à grains micrométriques, indiquant ainsi un effet de la taille 

des grains sur le maclage; (ii) Dans le régime dynamique (> 103 s-1) la déformation plastique induit une 

augmentation de la température dans les échantillons (Ni ou Zn). Cette augmentation de la température 

est suffisamment importante pour induire à son tour la restauration et/ou la recristallisation dynamique. 

Comme conséquence, deux phénomènes sont observés en fonction du matériau: pour Ni, la 

microstructure et les propriétés mécaniques résultant sont similaires à celles de l'état initial, dominé par 

des macles de recuit et des grains équiaxes et orientés de façon aléatoire. Pour Zn un affinage 

important de la taille des grains est observé (de 300 µm à 6 µm) qui s’accompagne au passage de 

l’inhibition du phénomène de maclage. Pour clarifier ce point, des investigations complémentaires ont 

été effectuées sur des échantillons de Ti de pureté commerciale (CP-Ti) à grains micrométriques dans 

les deux régimes quasi-statique et dynamique. Les résultats montrent que le maclage est ici le principal 

mécanisme de déformation. La densité des macles est d’autant plus élevée que la vitesse de 

déformation est importante et les grains plus gros. Ces résultats confirment l’influence l'effet de la taille 

des grains sur le maclage mécanique dans les matériaux HC. Par contre, il a été observé que l'effet de 

la vitesse de déformation sur le maclage dans le régime dynamique est différent selon qu’il s’agisse de 

Zn ou de Ti. Dans le premier cas, il est probable que le faible niveau du rapport T/Tf joue un rôle clé, en 

induisant le recristallisation dynamique dans les conditions expérimentales étudiées ici. 

 

Mots clés : compression dynamique, microstructure, maclage, grains ultrafins, recristallisation 

dynamique 



Abstract:  

The present work is devoted to the analysis of the strain rate and grain size effects on the deformation 

mechanism activated during plastic deformation of two polycrystalline materials: (i) zinc (Zn), a crystal 

with hexagonal compact packing structure, having grain size in the micro and ultrafine grain ranges (~ 

300 µm and 200 nm, respectively), loaded under quasi-static and dynamic compression conditions, up 

to a strain rate of ~ 10 5 s-1 (by use of a Direct Impact Hopkinson Pressure Bars (DIHPB); (ii) 

electrodeposited nickel (Ni), a face-centered cubic structure with grain size of 5 µm deformed in 

compression under dynamic conditions using DIHPB. Significant differences in terms of micro-

mechanisms of deformation in the two regimes were found: (i) At lower strain rates, up to ~ 102 s-1, 

dislocation-based plasticity was observed in both Ni and Zn. Extensive twinning occurred only in the 

case of micrometer grain-sized Zn, indicating a grain size dependence of twinning; (ii) In the dynamic 

regime (> 103 s-1) plastic deformation induced a significant increase of the temperature within the 

samples. This increase of temperature was significant enough to induce recovery and/or dynamic 

recrystallization. As consequence two phenomena were observed depending on the structure under 

investigation: for Ni, the resulting microstructure and mechanical properties were similar to that of the 

initial state, dominated by annealing twins and equiaxed and randomly oriented grains. For micro-

grained Zn a tremendous grain refining was found. As a consequence, twinning was inhibited. To clarify 

this point, additional investigations were carried out on coarse-grained CP-Ti deformed in both quasi-

static and dynamic regimes. It was found that twinning was the main deformation mechanism. Indeed, 

the larger the strain rate and grains size, the larger the twin density. On the one hand, these results 

clearly demonstrate the grain size effect on the occurrence of mechanical twinning in HCP materials. On 

the other hand, the effect of the strain rate on twinning was found to depend on the material under 

investigation. Compared to Ti, the lower homologous temperature T/Tm of Zn probably plays a key role, 

as it may induce dynamic recovery/recrystallization as far as the present experimental conditions are 

concerned. 

 

Keywords: high strain rate, microstructure, twinning, ultrafine grains, dynamic recrystallization 
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Introduction  

Early studies on the mechanical behavior and the basic mechanisms of plasticity 

of fine-grained materials in the LSPM laboratory (formerly LPMTM) began with the 

PhD thesis of S. Billard [1]. This thesis was based on the expertise of the laboratory in 

the field of powder metallurgy, and was aimed at processing, by use of hot isostatic 

pressing (HIP), ultrafine-grained aluminum and to uncover the underlying deformation 

mechanisms occurring during quasi-static compression loading.  

Since then further works have been carried out / or are under way to deepen this 

thematic. Among them: Q.H. Bui PhD thesis (2005-2008) devoted to the study of the 

mechanical behavior of ultrafine-grained nickel and to micromechanical modeling [2]; 

L. Farbaniec ongoing PhD thesis (2009-2012) based on the analysis of the mechanisms 

of deformation and damage evolution in ultrafine-grained nickel processed by a 

dynamic plastic deformation (DPD) method [3] and more recently, the work of G.-D. 

Kollo (2010-2013) dealing with the engineering of harmonic metal / metal 

microstructures in the context of the “MIMIC” ANR project [4]. 

The similarities between the above-mentioned work are: (i) the crystal structure of 

the materials studied, all of which crystallize in a face centered cubic (FCC) structure, 

(ii) grain size for all or part of the microstructures studied (ultrafine-grained or bimodal 

mixtures), (iii) the mode of mechanical testing, that is uniaxial compression (few studies 

were conducted by simple shear tests [5]), in the quasi-static regime. 

However, in current practice, most materials or structures in which these materials 

are used as element parts are subjected to severe conditions of stress/strain, such as 

impacts or high-speed machining for producing parts. Under these conditions, known as 

dynamic because of the level of the strain rate that can be reached (> 103 s-1), the 

induced deformation mechanisms and / or microstructural transformation may be 

different from those occurring during monotonic tests. Furthermore, these changes / 

developments /transformations may depend not only on the metallurgical initial state, 

but also on the crystal structure (and crystallographic texture). 
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One of the main objective of the work discussed in this thesis, based on the strong 

expertise in developing innovative microstructures and the studies of underlying 

deformation mechanisms under quasi-static conditions in ultrafine-grained FCC 

materials, is to expand these investigations to other types of materials and crystal 

structure, namely hexagonal compact packing (HCP) structures, with emphasis on the 

behavior under dynamic loading. 

For this purpose, the materials concerned here are: a fine-grained electrodeposited 

nickel (mean grain size = 3.9 µm); coarse grained (> 300 µm) and ultrafine-grained 

(200 nm) zinc. These materials are tested in dynamic and / or quasi-static loading 

conditions. The deformation mechanisms and the structural changes are subsequently 

analyzed. In the case of zinc, the effect of grain size on the deformation mechanisms is 

analyzed in details. In addition, for comparison matters with Zn, a commercial purity 

coarse-grained Ti is also investigated to crosscheck the effect of strain rate and grain 

size in both dynamic and quasi-static regime on the micro-mechanisms of deformation. 

In this work, we have chosen deliberately to format all our data ready for 

publication. The structure of this memory is therefore not standard as could be expected 

(or generally accepted) for a PhD manuscript. Thus, there will be no specific chapter 

dedicated to the bibliography or to experimental techniques and procedures. Therefore, 

after the above general presentation briefly presenting the context of the study and the 

objectives of the undertaken work, the structure of the proposed manuscript is as 

follows: 

In chapter I we describe the case of high purity electrolytic nickel (99.99%) 

samples deformed dynamically in compression by using a direct impact Hopkinson 

pressure bar test at the velocities of 10.9, 28.2 and 70.6 m.s−1. The dislocation density 

increased with increasing the impact velocity up to 28.2 m.s−1 resulting in an increase of 

both nanohardness and flow stresses of the previously impacted samples. At the same 

time, a decrease of the initially high fraction of Σ3 coincident site lattice boundaries was 

observed for the benefit of Σ1 low angle grain boundaries having misorientations lower 

than 15°. Increasing the velocity to 70.6 m s−1 led to a decrease of the dislocation 

density, in parallel with the regeneration of Σ3 boundaries. As a consequence, the 

nanohardness decreased to a similar value as that of the initial state. These observations 
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suggest possible dynamic recovery/recrystallization that might have occurred at the 

highest impact velocity. 

Chapter II is dedicated to the case of initially <0001> textured and equiaxed 

polycrystalline Zn with an average grain size of about 300 μm that was deformed by 

direct impact Hopkinson pressure bar at a velocity of 29 m.s-1 up to an axial engineering 

strain rate of 98%. An inhomogeneous grain structure was found consisting of a center 

region having large average grain size of 20 μm surrounded by a fine-grained rim with 

an average grain size of 6 μm. Transmission electron microscopy investigations showed 

a significant dislocation density in the large-grained area while in the fine-grained rim 

the dislocation density was negligible. Most probably, the higher strain yielded 

recrystallization in the outer ring while in the center only recovery occurred. The 

hardening effect of dislocations overwhelms the smaller grain size strengthening in the 

center part resulting in higher nanohardness in this region than in the outer ring. 

Chapter III deals with the effects of both strain rate and grain size on mechanical 

response and underlying deformation mechanisms of polycrystalline Zn materials. In 

this case, Spark Plasma Sintering was used to process bulk ultrafine-grained (average 

grain size of ~250 nm) samples from high purity nanocrystalline Zn powder. The 

microstructure of the consolidated samples was investigated and the mechanical 

behavior was characterized by means of quasi-static and dynamic compression tests at 

room temperature and compared to that of coarse-grained counterparts. For both 

ultrafine- and coarse-grained Zn, an increase of the flow stress was observed as the 

strain rate increased. For coarse-grained Zn in the strain rate regime of 10-4 -103 s-1 

mainly thermally activated dislocation glide occurred, however, twinning was also 

involved into deformation for strain rates lower than 10-2 s-1. Above this strain rate a 

strong reduction of the grain size in coarse-grained Zn occurred concomitantly with the 

absence of twinning. For strain rates higher than 103 s-1, the plasticity was controlled by 

dislocation drag but partial recrystallization was also observed. It was revealed that in 

the latter regime the mobile dislocation density increased with increasing strain rate. In 

ultrafine-grained Zn the relatively large dislocation density (~1014 m-2) and the small 

grain size limit the dislocation velocity yielding the lack of dislocation drag effects up 

to 104 s-1. In the thermally activated deformation regime the strain rate sensitivity was 
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higher for ultrafine-grained Zn than for coarse-grained Zn and twinning was not 

observed in the entire strain rate range due to its very small grain size. 

Chapter IV is devoted to the study of the deformation micro mechanisms in 

coarse-grained commercial purity titanium (CP-Ti) submitted to quasi-static and 

dynamic compression tests (corresponding to strain rates of 10-4 s-1 and 103 s-1, 

respectively) for comparison with Zn (chapter III). At low strain rate and a moderate 

deformation amount of about 20%, slip and mechanical twinning accommodated the 

deformation. Increasing the strain rate to enter the dynamic regime resulted in a high 

frequency of twinning, which did not evolve with increasing the amount of axial 

deformation to 60%. In accordance with previous results from the literature, the primary 

twinning systems activated were {1122} 1123   compressive twins and 

{1012} 1011   tensile twins. The activation of deformation twinning resulted in grain 

refinement due to intersection of twins and the formation of secondary and tertiary 

twins. The twinning triggered grain reorientation toward the <0001> orientation, giving 

rise to the corresponding fiber texture. Overall, the behavior appeared to be different 

with that observed for coarse-grained Zn counterpart. In the latter the high deformation 

homologous temperature induced dynamic recrystallization, which seems to be not the 

case for CP-Ti. 

 

Chapter V, the last chapter gives a general conclusion and perspectives of the 

study. 

The manuscript ends with an appendix that describes the basics of the spark 

plasma sintering (SPS) route that was used to process the ultrafine-grained Zn material 

used in the study.   
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Chapter I 

Fine-grained nickel deformed by direct impact at different 

velocities: Microstructure and mechanical properties 

 

I. 1. Introduction 

For tailoring materials with enhanced properties, the “grain boundary 

engineering” concept, i.e., a manipulation of grain boundary structure via thermo-

mechanical processes has been first stated by Watanabe [I.1] and a detailed overview 

has been provided by Randle [I.2]. In general, samples having higher fractions of 

structurally ordered “special” coincidence site lattice (CSL) boundaries exhibit 

improved properties. For instance, enhanced intergranular corrosion resistance due to 

the increase in the fractions of low Σ CSL type grain boundaries (Σ ≤ 29) has been 

reported by Kim et al. 0[I.3] and Lin et al. [I.40]. 

As for the mechanical properties, it was found that the ductility of fine-grained 

materials, that is usually lower compared with their coarse-grained counterparts 0[I.5], 

can be improved by the increase of the fraction of high angle grain boundaries 0[I.6]. In 

the context of enhancing mechanical properties by boundary engineering, electro-

deposition was successfully used to process nanostructured Cu [I.7] and [I.8] and Ni 

[I.9] with a large fraction of Σ3 coherent twin boundaries that were believed to result in 

high strength and good ductility during quasi-static tensile tests. Indeed, in the absence 

of nanotwins, the reported high mechanical performances were dramatically reduced 

[I.10], [I.11] and [I.12]. 

In fine-grained metallic materials having a mean grain size higher than several 

hundred of nanometers, the movement of dislocations controls the plastic deformation. 

It has been shown recently, that during quasi-static compression of ultrafine-grained Ni 

processed by powder metallurgy routes, the activity of dislocations destroyed, at least 

partially the Σ3 boundaries existing in the as-processed material and led to a 

macroscopic softening [I.13] and [I.14]. This effect was particularly noticeable when 
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large amplitude cyclic simple shear was applied on these sintered Ni materials [I.14]. 

These experimental observations suggest that beside the as-processed microstructure, 

the deformation conditions have also a significant effect on the mechanical performance 

of advanced engineering materials, therefore the influence of deformation mode, 

temperature and strain rate on the deformation mechanisms should also be studied. 

The deformation mechanisms underlying the macroscopic mechanical behaviour 

under quasi-static plasticity of conventional metallic materials such as Ni are well 

understood [I.15]. Nickel is one of the structural materials investigated and used in a 

wide range of applications, from nanodevices such as MEMS [I.12] and [I.16] to 

military applications (antiarmor systems). In the latter case, the material experiences 

high strain rate deformation that could modify the as-processed microstructure by 

means of thermo-mechanical processes mostly due to the increase of temperature. 

Particularly dynamic recrystallization was reported to occur during extreme 

deformations in microstructure refinement procedures [I.17]. 

In the present study, high purity electrolytic Ni samples containing a large fraction 

of Σ3 boundaries in the as-processed state were submitted to high strain rate impact 

tests. The changes in the microstructure at different impact velocities and their influence 

on the subsequent mechanical behaviour are investigated. 

I. 2. Experimental procedures 

The chemical composition of the high purity (99.99%) electrolytic nickel material 

is given in Table I.1.  

Table I.1: Chemical composition (in %) of the as-received Ni material 

Ni Co Cu Zn Fe P C S Pb 

Balance 0.0003 0.0010 0.0005 0.0030 0.0002 0.0050 0.0005 0.0001

From the as-received square plates, cylinders of about 9.0 mm in diameter and 5.0 

mm in height were prepared and subsequently dynamically deformed in compression 

using a direct Hopkinson pressure bar test [I.18]. The test consists in impacting at a 
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constant velocity with a striker a specimen placed against a Hopkinson pressure bar 

(Figure I.1). The striker speed, Vi, typically between 5 and 100 m.s-1, is recorded using 

two lasers beams separated by 18 mm and positioned 30 mm prior impact. Tests were 

conducted at three impact velocities of 10.9, 28.2 and 70.6 m.s−1. The generated strain 

rates were in the regime of 103–104 s−1.  

 

Figure I.1: Direct impact Hopkinson pressure bar technique (DHPB). 

The true deformation is obtained from the specimen end displacements with the 

specimen / bar interface deduced from the strain history, T(t), of the Hopkinson bar 

using strain gages, and with the specimen / striker interface displacement rate equal to 

Vi [I.18] :   

      0 0
0

1 1 . /
t

n i Tt Ln t Ln V t C d H    
  

         
  (I. 1)

where Ho is the specimen height, and Co is the sound velocity of the Hopkinson bar 

material. With the assumption that plastic deformation is isochoric, the specimen axial 

stress is obtained from the strain history, T(t), of the Hopkinson bar: 

           2
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S
          (I. 2)

where  is the density of the Hopkinson bar, ST and So are the section area of the 

Hopkinson bar and specimen, respectively. Due to inertia, the radial and tangential 

stresses, r (t) and  (t), are:  
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The equivalent stress is then derived: 
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For texture analysis and microstructure investigations, specimens were cut out 

from the impacted and the initial samples and subsequently electropolished in an A2 

electrolytic solution at room temperature and a fixed voltage of 21 V for 15 s, using a 

Tenupol® electropolishing apparatus from Struers. 

X-ray diffraction experiments (XRD) for texture analysis were carried out on the 

impacted and the opposite faces of the samples, but both measurements gave the same 

result. To describe the results, a direct macroscopic reference system (ND, RD, and TD) 

has been attached on the analyzed faces (where ND is the normal direction, taken 

parallel to the impact direction, RD and TD are the rolling (longitudinal) and transverse 

directions, respectively, lying in the impacted surface). Texture data were collected 

using an Inel™ four-circles goniometer in Bragg–Brentano geometry with a point focus 

X-ray source having CoKα radiation (λ = 0.17902 nm). The measurement consisted first 

of the determination of the Bragg angles for the  111 ,{200} ,{220} reflections and then 

the acquisition of the corresponding pole figures. After corrections of the experimental 

pole figures (background, defocusing and normalization), the determination of the 

orientation distribution functions (ODF) was performed using Labotex® software 

[I.19]. 

X-ray line profile analysis was also conducted to investigate the microstructure of 

the samples in the initial state and after processing by the impact tests and after room 

temperature quasi-static compression of the initial and the impacted samples. The 

surface normal to the impact and quasi-static compression directions was studied for all 

materials. The X-ray line profiles were measured by high-resolution rotating anode 

diffractometer (Nonius, FR 591) using CuKα1 radiation (λ = 0.15406 nm). Two-

dimensional imaging plates detected the Debye–Scherrer diffraction rings. The line 

profiles were determined as the intensity distribution perpendicular to the rings obtained 

by integrating the two-dimensional intensity distribution along the rings. The line 

profiles were evaluated by the extended convolutional multiple whole profile (eCMWP) 

analysis [I.20] and [I.21]. In this method, the experimental pattern is fitted by the 

convolution of the instrumental pattern and the theoretical size and strain line profiles. 
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The theoretical profile functions used in this fitting procedure are calculated on the basis 

of a model of the microstructure, where the crystallites have spherical shape and 

lognormal size distribution, and the lattice strains are assumed to be caused by 

dislocations and twins. The mean crystallite size, the dislocation density (ρdis) and the 

twin fault probability (β) were obtained from the fitting. The latter quantity is defined as 

the relative fraction of twin boundaries among  111 lattice planes. 

The microstructures before and after impact tests were also investigated by 

electron backscattering diffraction (EBSD) technique using a Zeiss Supra 40VP FEG 

scanning electron microscope (SEM). The EBSD scans covered regions of 

approximately 150 μm × 150 μm using a step size between neighboring measurement 

positions of 0.1 μm. The average grain size, the fraction of low angle grain boundaries 

(LAGBs), high angle grain boundaries (HAGBs) and specially Σ3 boundaries were 

extracted from the EBSD scans by use of OIM software version 5.3 from TexSem 

Laboratories (TSL). The Σ boundaries were identified according to the Brandon 

criterion and the grain boundary fractions were expressed as proportion of the total 

boundary projected length in the map. 

The mechanical behavior of the initial and impacted samples was studied by 

nanoindentation and by quasi-static compression tests at room temperature. 

Nanohardness measurements were carried out using an UMIS nanoindentation device 

with Berkovich indenter and applying a maximum load of 5 mN. The indentation rate 

was 0.15 mN s−1. Four hundred indentations were carried out arranging the indents in a 

20 × 20 matrix. The distance between the neighboring indents was 20 ìm. The hardness 

H is characterized by a number as [I.22]: 

224.5
m

m

P
H

h
 

(I.5)

where Pm is the maximum load (5 mN) and hm is the maximum penetration depth during 
indentation. 
 

The quasi-static uniaxial compression tests for evaluating the macroscopic 

mechanical behavior were conducted at a strain rate of 10−4 s−1 by means of a universal 
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Instron testing machine (model 1195). For each compression test, the strain was 

evaluated from crosshead displacement corrected by the stiffness of the testing machine. 

I. 3. Results and discussion 

I.3.1. Dynamic behavior characterization of nickel 

The dimensions of the samples before and after the impact tests and the calculated 

imposed strain and strain rates values are summarized in Table I.2. Figure I.2 shows the 

mechanical response in terms of stress and strain calculated by Eq. (I.1) and (I.4) 

respectively. 

The strain responses have been corrected by subtracting the linear part of the 

response that corresponds to the elastic loading phase, (Figure I.2). The final axial 

strains provided in Table I.2, ɛaxial, were approximated using the true strain - engineering 

strain relation, ɛaxial = Ln (1+e), with e the engineering strain. The strain rate in Figure 

I.2 and Table I.2 has been calculated from the derivative of Eq. (I.1). For strain greater 

than 0.5 where a uniaxial state of stress does not prevail anymore, the derivative of Eq. 

(I.1) provides an overestimation of the strain rate by about 10%. With regard to the test 

conducted at 10.9 m.s-1, the mass of the striker was insufficient to provide a constant 

impact velocity during the entire plastic deformation, resulting in a final strain using Eq. 

(I.1) of 0.18 overestimating by 28% the measured final strain of 0.14. 

Table I.2: Samples characteristics before and after the impact test. Vi is the impact 
velocity, D0 is the initial diameter, Df is the diameter after the impact, H0 is the 
initial height, Hf is the final height, ɛaxial is the axial deformation in the impact 
direction defined as ε = Ln(Hf/H0). 

Vi (m s−1) D0 (mm) H0 (mm) Df (mm) Hf (mm) e ɛaxial 

10.9 9.0 5.0 9.86 4.34 -0.132 0.141 

28.2 9.0 5.0 12.89 2.48 -0.700 0.701 

70.6 9.0 5.0 19.5 0.53 -2.240 2.244 
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Figure I.2: Stress strain (a) and strain-rate strain (b) responses of the Ni specimens 
tested at 10.9, 28.2 and 70.6 m.s-1 with the DHPB technique [I.23]. 

Figure I.3 plots the stress at a plastic strain of 0.05 versus strain rate revealing the 

thermally activated regime and the viscous regime [I.24] associated to the dislocation 

drag effects occurring in the present case at about 103 s-1. As it can be seen in Figure I.3, 

the classical Johnson-Cook constitutive model [I.25] does not describe the strengthening 

occurring in the viscous regime. As reported by Couque et al. [I.18], the Zerilli-

Amstrong constitutive model [I.26] and a modified Johnson-Cook constitutive model 

were found to reproduce the sharp turn of the strength observed in the 103-104 s-1 

transition regime. However, because the strain rate and temperature terms of the Zerilli-

Amstrong model are coupled, the elevated temperature data cannot be reproduced. In 
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the contrary, a good agreement was reached at both extremes, temperature and strain 

rate, for the modified Johnson-Cook model. 
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Figure I.3 : Stress strain-rate dependence of the nickel at a plastic strain of 0.05 [I.23]

The modified Johnson-Cook model includes a power strain rate component added 

to the logarithm strain rate term of the original Johnson-Cook formulation, D  1 k
, 

with D and k two constants. This component is normalized by a reference strain rate, έ1, 

characterizing the transition between the thermally activated regime and the viscous 

regime, which is about 103 s-1. The equivalent stress function of plastic strain, p, strain 

rate, έ, and temperature, T, is expressed as:  

  A B p
n  1C.Ln


0






 D.Ln


1







k







 1

T Tr

Tm Tr







m







  (I. 6)

with Tr, and Tm are the room and melting temperatures, respectively, 0 , the reference 

strain rate equal to 1 and A, B, C, n, m the five constants of the original Johnson-Cook 

model. This formulation enables to go back to the classical formulation when strain 

rates are lower than 103 s-1. 
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I.3.2. EBSD investigations 

Figure I.4 and Figure I.5 show the grain orientation map and the Σ3 boundaries, 

respectively, for the initial sample and after impact test at different velocities. The 

evolution of the grain structure can be described as follows: 

(i) In the initial state (Figure I.4 and Figure I.5), the microstructure consisted of 

equiaxed grains. The majority of grain boundaries, about 97%, are HAGBs (with 

misorientation across the boundary larger than 15°) including Σ3 boundaries (with 

misorientation of about 60°), whose fraction is about 50%. The average grain size 

determined from the areas bounded by HAGBs in the EBSD images was about 3.9 

μm. 

(ii) After the impact test at the velocity of 10.9 m.s−1 (Figure I.4 and Figure I.5), some 

grains are elongated and the orientation of most of the grains is changing as 

exemplified by gradual change of the color inside a given grain. In addition, the 

misorientation between grains increases as it can be seen from the standard 

stereographic projection inset in Figure I.4. These observations indicate that most 

probably subgrains are formed inside the grains during impact test that may act as 

coherently scattering domains in X-ray diffraction experiments. This point is 

supported by the X-ray line profile analysis as it is discussed later. Comparing to 

the initial state, the fraction of the HAGBs dropped to 88% and that of Σ3 

boundaries to 33%. The average grain size determined from the area of grains 

bounded by HAGBs was about 4.5 μm. The increase of the grain size compared to 

the initial state might be apparent and associated with the decrease of the relative 

fraction of Σ3 boundaries that initially divide grains into smaller areas, as it can be 

seen from Figure I.5b. 

(iii) In the case of the sample impacted at the velocity of 28.2 m.s−1 (Figure I.4 and 

Figure I.5), the HAGBs fraction sharply decreased to 57% and that of Σ3 

boundaries to about 7%. Indeed, it seems that within the Σ3 boundaries, twin 

boundaries (TBs) were particularly affected by the impact test as only very few of 

them were observed in the EBSD scans (Figure I.5c). Accordingly, the average 

grain size determined from the area of grains bounded by HAGBs increased 
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further to about 6 μm. In addition, Figure I.4c indicates a development of a strong 

crystallographic texture as it can be seen from the projection of the grain 

orientations in the ND direction illustrated by the standard stereographic 

projection inset. 

 
 

Figure I.4: EBSD images of investigated Ni samples. (a) Initial state; (b)–(d) after 
direct compression impacts at 10.9, 28.2 and 70.6 m s−1 velocities, respectively. 

(iv) For the sample impacted at the highest velocity of 70.6 m.s−1, the microstructure 

was qualitatively similar to that of the initial state (see Figure I.4 and Figure I.5). 

The HAGBs fraction increased back to 92% including the Σ3 boundaries with a 

fraction of about 26%, about one half of that of the initial sate, but larger than that 

after the impact at the velocity of 28.2 m.s−1. Visual observation indicates that the 

fraction of TBs within the Σ3 boundaries is drastically reduced compared with the 

initial state (compare with Figure I.5a). The average grain size was about 3.7 μm, 

close to that for the initial state. In addition, the orientations within the grains are 

more homogeneous (compare Figure I.4d with Figure I.4b and Figure I.4c), 

meaning that the grains are less fragmented to tiny coherently diffracting domains, 

in accordance with X-ray line profile analysis discussed below. It is likely that 
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dynamic recovery/recrystallization occurred here and led to a microstructure close 

to that of the initial, except for the crystallographic texture, as it will be shown 

later. Dynamic recrystallization during high strain rate deformation has been also 

reported in previous works [I.27] and [I.28]. The recrystallization process may 

have been assisted by the fast heat generation in the severe plastic deformation 

during impact test at a high strain rate (about 105 s−1 for 70.6 m s−1). Actually, 

during high strain rate deformation, the fraction of plastic work, Wp that gets 

converted to heat in a unit volume during a supposedly adiabatic deformation 

process (assuming 90% of the work of the deformation was converted) is related 

to the temperature increase as [I.29], [I.30] and [I.31]: 

0.9 p

p

W
T

C
   (I. 7)

where ρ is the mass density and Cp is the specific heat at constant pressure. The ρ and 

Cp values for Ni are 8908 kg m−3 and 446 J kg−1 K−1, respectively. 

 
 

Figure I.5: Evolution of the Σ3 boundary maps corresponding Figure I.4. (a) initial state; 
(b)–(d) after direct compression impacts at 10.9, 28.2 and 70.6 m.s−1 velocities, 
respectively. 
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The mechanical behavior under dynamic loading has been discussed in earlier 

work [18]. These data predict temperature increase (ΔT) of about 15, 125 and 646 K at 

10.9, 28.2 and 70.6 m.s−1 impact velocities, respectively. Therefore, for the highest 

impact velocity, the homologous temperature of the sample immediately after the 

impact is T/Tm ≈ 0.55, where T is the temperature after the impact (300 K + ΔT = 946 

K) and Tm is the melting temperature of Ni (1728 K). Rittel et al. 0 reported a ΔT 

increase of about 483 K in OFHC copper deformed over a wide range of strain rates 

which corresponds to a similar homologous temperature of the sample (0.58 Tm) as at 

the highest impact velocity in our study. A recrystallized microstructure was reported as 

a consequence of the straining process. Therefore, such a dynamic recrystallization 

effect is also expected here. It should be noticed that, the value of ΔT estimated here is 

larger compared to that (81 K) calculated for Cu processed by Equal Channel Angular 

Pressing (ECAP) at a strain of about 1 [I.33], or during severe plastic deformation of Al 

samples also processed by ECAP at the speed of 18 m.s−1, where the ΔT increase was 

between 30 and 70 K depending on the alloying element concentration in Al [I.34], 

which is close to the value observed here for the lowest velocity of 10.9 m.s−1. 

Figure I.6 illustrates quantitatively the evolution of the misorientation across the 

grain boundaries for the samples studied here. In addition to the trends described above, 

it is observed that the increase of the amount of LAGBs occurs mainly at the expense of 

Σ3 boundaries during impact tests, particularly for the sample impacted at 28.2 m.s−1. It 

is expected that the LAGBs were formed by the rearrangement of dislocations produced 

during impact test in order to reduce their strain energy. 
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Figure I.6 : The relative frequency of the misorientation across the boundary of the 
initial and impacted Ni samples 

I.3.3. X-ray line profile analysis 

X-ray line profile analysis was carried out as a complement to the EBSD 

investigations. The experimental procedure was described in section I. 2. As an 

example, the fitting in logarithmic intensity scale for the sample processed by impact 

test at 10.9 m s−1 is shown in Figure I.7a. The open circles and the solid line represent 

the measured data and the fitted curves, respectively. It should be noted that for the 

initial sample and for the specimen impacted at 70.6 m.s−1, the intensity distribution 

along the Debye–Scherrer rings is inhomogeneous and numerous sharp intensity spots 

are visible as it can be seen in Figure I.4b. These sharp peaks were as narrow as the 

instrumental broadening (Δ(2Θ) = 0.02°); therefore they were not evaluated for the 

microstructure. These sharp intensity spots are related to reflecting grains where the 

grain size is larger and the dislocation density is lower than the detection limits of X-ray 

line profile analysis for the experimental setup (800 nm and 1013 m−2, respectively). 
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Figure I.7: (a) The fitting of the X-ray diffraction pattern for 10.9 m.s−1; (b) diffraction 
rings for the (2 0 0) reflection corresponding to the initial state (left) and after impact 
at 10.9 m.s−1 (middle) and at 70.6 m.s−1 (right). The rings corresponding to initial 
state and after impact at 70 m.s−1 exhibit clear spots, contrariwise to that obtained 
after impacting at 10 m.s−1. 

In the cases of the initial sample and that impacted at 70.6 m.s−1, only the broader 

and more homogeneous parts between the large intensity spots were evaluated by line 

profile analysis. As a consequence, the results obtained for these two samples 

characterize only a fraction of the whole microstructure. In the case of the samples 

impacted at 10.9 and 28.2 m.s−1, due to the small crystallite size and the large 

dislocation density, the Debye–Scherrer rings were relatively homogeneous therefore 

for these samples the microstructural parameters characterize the whole specimens. The 

mean crystallite size, the dislocation density (ρdis) and the twin fault probability (β) 

determined by X-ray line profile analysis are listed in Table I.3. 
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Table I.3: Microstructure characteristics determined from X-ray line profile 
analysis, in terms of the mean crystallite size, the dislocation density (ρdis) and the 
twin fault probability (β). The latter quantity is defined as the relative fraction of 
twin boundaries among  111 lattice planes. 

Sample state Crystallite size (nm) ρdis (1014 m−2) β (%) 

Initial, fraction having broad X-ray 
peaks 

149 ± 15 1.2 ± 0.2 0.0 ± 0.1

Initial + quasi-static compression 71 ± 8 10 ± 1 0.0 ± 0.1

V = 10.9 m s−1 113 ± 12 8 ± 1 0.0 ± 0.1

10.9 m s−1 + quasi-static compression 90 ± 10 9 ± 1 0.0 ± 0.1

V = 28.2 m s−1 64 ± 8 13 ± 1 0.0 ± 0.1

28.2 m s−1 + quasi-static compression 76 ± 8 15 ± 1 0.0 ± 0.1

V = 70.6 m s−1, fraction having broad 
X-ray peaks 

420 ± 40 1.4 ± 0.2 0.7 ± 0.1

 
It can be concluded from Table I.3, that the impact test resulted in an increase of 

the dislocation density and a decrease of the crystallite size up to 28.2 m.s−1. The 

crystallite size measured by the present X-ray line profile analysis is smaller than the 

grain size obtained by EBSD. This phenomenon is usual in severely deformed metals 

[I.35] and it can be attributed to the fact that the crystallites are the domains in the 

microstructure which scatter X-rays coherently. As the coherency of X-rays breaks even 

if they are scattered from volumes having quite small misorientations (1–2°), the 

crystallite size corresponds rather to the subgrain size in the severely deformed 

microstructures [I.36]. 

The crystallite size decreased while the grain size increased up to 28.2 m.s−1 as 

observed by X-ray line profile analysis and EBSD, respectively. This apparent 

dichotomy can be explained by the activity of dislocations during impact test. The 

dislocations formed in plastic straining on the one hand destroy the Σ3 boundaries [I.37] 

and [I.38] and on the other hand they are arranged into low energy configurations (e.g. 

into LAGBs). The former effect results in an increase of the mean grain size in EBSD 

experiments while the latter one reduces the size of coherently scattering domains 



 26

(crystallites). In addition, in the EBSD analysis conducted here, the boundary 

misorientations lower than 2° were removed from the analysis. 

At the same time, for the highest impact velocity (70.6 m.s−1), the crystallite size 

is larger while the dislocation density is smaller than for lower impact velocities, which 

indicates a dynamic recovery/recrystallization of the microstructure due to the fast 

deformation which is most probably also assisted by the temperature increment during 

impact test. This is in line with the discussion in the previous section. Indeed, the sharp 

intensity spots in the Debye–Scherrer rings are related to recrystallized grains while the 

broader sections between them correspond to recovered volumes. The characteristic 

parameters of the latter parts of the microstructure can also be found in Table I.3 with 

the notation “fraction having broad peaks”. Of course, as these parameters characterize 

only a part of the microstructure, the mean crystallite size and the dislocation density for 

the whole sample are larger and smaller, respectively, than these values. 

EBSD investigation allowed a quantitative assessment of the fraction of HAGBs 

which includes Σ3 coincident site lattice (CSL) boundaries comprising TBs. As it can be 

seen in Table I.3, X-ray line profile analysis allowed determining the twin probability, 

with a lowest detection limit of about 0.1%. This value corresponds to a twin boundary 

spacing of about 200 nm, therefore in the samples where the mean spacing between the 

twin boundaries is higher than this value, the line profile analysis cannot give the twin 

probability. Consequently, the zero value of the twin probability for the initial sample 

(see Table I.3) is not in contradiction with the significant amount of TBs obtained by 

EBSD as the twin boundaries studied in EBSD have spacing larger than 1 μm. 

However, for the sample impacted at 70.6 m.s−1, a significant value of twin probability 

(0.7%) was detected by X-ray line profile analysis in the volumes having broad 

diffraction peaks. This twin probability corresponds to an average TB spacing of about 

30 nm. It is noted that EBSD analysis showed a marginal density of TBs at 70.6 m.s−1 

but this is not in contradiction with X-ray results as the latter method detected the twin 

probability inside the crystallites while the step size used in EBSD probably did not 

allow to measure twins with thickness lower than 100 nm. Moreover, only the volumes 

resulting in broad X-ray peaks could have been evaluated in the line profile analysis, 

while in the recrystallized fraction having narrow peaks the twin probability must be 
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lower by orders of magnitude, therefore the average twin probability for the whole 

sample is most probably much lower than 0.7%. In addition, the average strain rate 

corresponding to the highest impact velocity of 70.6 m.s−1 is about 2 × 104 s−1 which in 

the regime where thermally activated dislocation mechanisms are substituted by 

dislocation–drag effects [I.18] and [I.39]. Therefore, the expected reduced movement of 

partial dislocations in  111  planes might limit the length of twins which may be a 

reason why they were not observed during EBSD investigations. This is in line with the 

work of Xiao et al. [I.40] who have also reported profuse mechanical twinning in a Cu–

Zn alloy during dynamic plastic deformation at a strain rate of about 103 s−1 where the 

twin thickness was in the range of 10–20 nm, well below the detection limit of the 

EBSD investigation carried out here. 

The viscous dislocation–drag effect mentioned above may explain the increase of 

the twin probability detected by X-ray line profile analysis in the non-recrystallized 

volumes at 70.6 m.s−1. As shown in numerous studies [I.18], [I.41] and [I.42], a sharp 

increase of the flow stress is usually observed within the viscous regime. Accordingly, 

if the local stresses exceed the critical stress required for twin nucleation, plasticity will 

continue by twinning. It has been also shown that at the highest strain rates associated 

with shocks, a transition occurred from plasticity controlled by dislocation or twinning 

defect movements to control by slip or twinning defect generations [I.43]. It should be 

also noted that the strain rate corresponding to the highest impact velocity applied here 

(70.6 m.s−1) falls in the regime (1.5 × 104 s−1 to 2 × 104 s−1) where the phonon–drag 

effects are supposed to play a dominant role in dislocation generation. This may result 

in a significant increase of the dislocation density at very high strain rates, even for a 

strain as small as ε = 0.15 as it was shown in figure 3 of Ref. [I.44]. The very high 

dislocation density developed at such a relatively small strain value during the impact 

process at 70.6 m.s−1 may also facilitate the dynamic recovery/recrystallization when 

the deformation proceeds. 

I.3.4. Crystallographic texture investigations 

Figure I.8 shows the recalculated pole figures of the Ni samples as a function of 

impact velocities. The results are quantitatively summarized in Table I.4, including the 
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volume fractions (VFs) of the main textures components. The VFs were extracted from 

the analysis of the orientation distribution functions (ODFs) (not shown here) as a 

function of the impact velocities. VFs were calculated by an integration method using 

Labotex software version 3.0 from LaboSoft s.c. The “Singlely Counts in Overlapping 

Area” method was used to correct overlapping integration ranges between the different 

components [I.19]. 

 

Figure I.8: Evolution of the crystallographic texture in terms of  111 ,{200} and{220}  

pole figures in the (RD, TD) plane (see (d)) of the Ni samples. (a) Initial state; (b)–(d) 
after impact at 10.9, 28.2 and 70.6 m.s−1 velocities, respectively. 



 29

The analysis highlights huge differences between the initial and the impacted 

states in terms of the major texture components: 

(i) For the initial state (Figure I.8a) a 110  fiber texture type 

( 110  crystallographic direction is normal to the impacted surface while there is 

a crystallographic isotropy in this plane) was found. 

(ii) After the impact at 10.9 m.s−1 (Figure I.8b), the VF value of the 110  fiber 

component decreased while FCC cold rolled-type texture components (so-called 

Goss {110} 001  , Brass {110} , Copper {110} , and S {123} ) were developed. 

(iii) For the sample impacted at the velocity of 28.2 m.s−1 (Figure I.8c), VF values of 

all these new components increased. In addition, the VF value of the fiber 

component was similar to that of the undeformed initial state. 

Table I.4: The volume fractions (VF) of major texture components extracted from the 
ODF analysis as a function of the impact velocities. 

 
Initial 
state 

V = 10.9 m.s−1 V = 28.2 m.s−1 V = 70.6 m.s−1

110   Fiber 35.81% 30.46% 35.41% – 

{110} 100  Goss – 4.70% 8.23% 7.25% 

{110} 112  Brass – – 4.12% 3.08% 

{123} 634   S – 4.65% 6.71% 6.04% 

{112} 111   Copper – 4.80% 6.93% 7.60% 

{110} 111   Copper – – – 3.27% 

{100} 011  D-Cube – – – 4.10% 

{100} 001  Cube – – – 3.19% 

{110} 233 P – – – 4.34% 

Rest of orientations 64.19% 55.38% 38.61% 61.14% 

VFs were calculated by the integration method using Labotex sofware version 3.0 from 
LaboSoft s.c. The “Singlely Counts in Overlapping Area” method was used to correct 
overlapping integration ranges between different components [I.19]. 
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(iv) For the sample processed with the highest impact velocity of 70.6 m.s−1 (Figure 

I.8d), the 110   fiber texture component disappeared, and beside the minor 

texture components appeared at 28.2 m s−1, new components are detected that 

usually develop during recrystallization processes. These are the Cube 

{100} 001  , deviated Cube D-Cube {100} 011   and P {110} 233  . The 

texture analysis strongly supports the idea of a recrystallization process occurring 

for Ni samples in the course of straining at the highest impact velocity. 

I.3.5. Nanohardness investigations 

Nanoindentation tests were carried out to make sure of the occurrence of 

recovery/recrystallization during impact test at the highest velocity. The resulting 

nanohardness distributions for the initial specimen and those processed by impact test at 

different velocities are shown in Figure I.9a. 

The mean nanohardness of the initial sample is 2.7 GPa which increases to 3.7 

and 5.1 GPa due to impact tests at velocities of 10.9 and 28.2 m s−1, respectively, which 

can be attributed to an increase of the dislocation density. After the impact test at 70.6 m 

s−1 the mean nanohardness decreased to the same value (2.7 GPa) as in the initial case. 

This can be explained only by the occurrence of recovery/recrystallization during 

impact test as discussed above (see section 0). 

As already reported elsewhere, it should be noted that: 

(i) The hardness calculated by Eq. (I.5) is generally different from the value obtained 

from the indent size determined by microscopy methods owing to the distortion of 

the shape of residual indentation pattern after removing the tip from the surface of 

probe material [I.45]. 

(ii) Generally, the hardness measurement results in an additional 8% plastic 

deformation [I.46], i.e. the hardness measured at relatively high load (2 N ≤ Pmax) 

is related to the flow stress corresponds to 8% strain. 

(iii) Nanohardness value cannot be used directly for the determination of the flow 

stress because of the so-called indentation size effect. This means that the 
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hardness of a material increases with the decrease of indentation size and the flow 

stress can be determined only from the macrohardness value. 

 

(a) 

 
 

(b) 

 
 

Figure I.9: (a) Nanohardness distribution as function of the impact velocity for the 
different impacted Ni samples. The nanohardness distribution for the initial state is 
also shown. (b) Stress–strain plots obtained by quasi-static compression tests at 
room temperature for the initial and impacted Ni samples. ND or TD refers to a 
compression axis parallel or perpendicular to the impact direction. 
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I.3.6. Quasi-static compression tests of impacted samples 

Figure I.9b shows the true stress–true plastic strain plots for the initial sample and 

the specimens impacted at 10.9 and 28.2 m.s−1 obtained in quasi-static compression 

tests at room temperature and at a strain rate of 10−4 s−1. Due to the very small height of 

the sample processed at 70.6 m.s−1, that sample was not studied by compression. The 

following observations can be made from the compression tests: 

(i) The initial sample showed a classical behavior with a positive strain-hardening rate 

due to dislocations–dislocation and dislocation–boundary interactions. As shown in 

Table I.1, after compression test the dislocation density and the crystallite size are 

much higher and lower, respectively, than the values characteristic for the 

undeformed initial sample. 

(ii) For the sample impacted at the velocity of 10.9 m.s−1, the stress–strain behavior 

depends slightly on the direction of the stress in quasi-static compression test. The 

sample subjected to a compressive stress parallel to the impact direction (ND 

sample) exhibits slightly higher yield strength than the sample with the 

compression axis perpendicular to the impact direction (TD sample). Similar 

phenomenon was also reported by Abdul-Latif et al. [I.47] in the case of pure Al 

crushed at a velocity of about 10 m.s−1. This behavior can be explained by the 

110   texture in the impact direction (see section I.3.3), as the taylor factor in this 

direction is higher than for the random crystallographic orientation by about 20% 

[I.48]. The hardening rate of sample ND was much lower than that of the initial 

sample. This observation is in line with the results obtained by X-ray line profile 

analysis on the ND sample (see Table I.3), as the decrease of the crystallite size as 

well as the increase of the dislocation density are very remote during compression 

test. 

(iii) Because of the thickness reduction, the sample impacted at 28.2 m.s−1 was tested 

only in the TD direction. The stress–strain curve exhibits a softening (a negative 

strain hardening rate) that is observed just after the maximum compression stress 

was reached. Both the yield strength and the flow stress are far higher than for all 

the other cases studied here. This observation is in line with the highest measured 

dislocation density in the sample impacted at 28.2 m.s−1 among the specimens 
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investigated in this study (see Table I.3). The microstructure might be already 

saturated with dislocations; therefore it is presumed that the softening is caused by 

an early strain localization due to the high flow stress. It is also noted that if 

microcracks formed during high-speed impact test, they may also contribute to 

softening. 
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I. 4. Conclusions 

High purity nickel samples deformed dynamically in compression using a direct 

impact Hopkinson pressure bar at impact velocities of 10.9, 28.2 and 70.6 m.s−1 have 

been investigated. A complete microstructure characterization has been undertaken 

combining EBSD, crystallographic texture measurement and X-ray line profile analysis. 

The local and the macroscopic mechanical behaviors were studied by nanoindentation 

and quasi-static compression test at room temperature, respectively. It was observed 

that: 

(i) Up to a velocity of 28.2 m.s−1, the dislocation density in the impacted samples 

increased which was accompanied by the reduction of the fraction of Σ3 CSL type 

boundaries from 50 to 7% indicating that the main deformation mechanism was 

the motion of dislocation. The increase of the dislocation density yielded an 

increase of both nanohardness and compressive flow stress. The decrease of the 

amount of Σ3 CSL type boundaries, that initially divide grains into smaller areas, 

caused an apparent increase of the mean grain size measured by EBSD. 

(ii) For the velocity of 70.6 m.s−1, it was observed that the microstructure resembled 

to that of the initial state in all characteristics, except for the crystallographic 

texture. EBSD investigations showed that the fraction of Σ3 CSL type boundaries 

increased back to 26%. It was also found that the dislocation density was similar 

as the value measured before the impact test which was about one order of 

magnitude smaller than the value obtained after impact at 28.2 m.s−1. The 

nanohardness was also the same as in the initial state. These features were 

ascribed to dynamic recovery/recrystallization processes taking place during the 

impact test most probably due to the increase of the homologous temperature to 

about 0.55. This conclusion was supported by crystallographic texture analysis 

showing the formation of recrystallization texture components such as Cube 

{100} 001  , deviated Cube D-Cube {100} 011   and P {110} 233  . 

(iii) The observed deformation regimes can be described through the uncoupling of the 

strain rate dependence and temperature dependence, using a modified Johnson 

Cook constitutive model. The model expresses the stress with a strain rate 



 35

function dissociating the thermally activated regime through logarithm strain-rate 

dependence, and the viscous regime through power strain-rate dependence.  
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Chapter II 

Microstructure and nanohardness distribution in 

polycrystalline Zn submitted to a large deformation under 

high strain rate impact 

 

II.1. Introduction 

The high strain rate behavior of materials is increasingly important in many 

applications from microelectronics to ballistics. Therefore, various studies have been 

reported on the deformation behavior and microstructural evolution under high strain 

rate loading conditions [II.1]-[II.5]. It was shown that at a critical strain rate a transition 

of the controlling deformation mechanism from thermally activated deformation to 

viscous phonon drag occurred [II.6]. Later, Zerilli and Armstrong [II.7] suggested that 

this behavior could be more accurately interpreted as an increase in dislocation and twin 

formation rates. 

Hopkinson pressure bar (split-Hopkinson and direct impact Hopkinson pressure 

bars) and Kolsky bar techniques are among the means that are extensively used to 

characterize the mechanical behavior of face centered cubic (fcc) [II.8] and [II.9] body 

centered cubic (bcc) [II.10] and [II.11] and hexagonal close packed (hcp) metallic 

materials [II.12], [II.13] and [II.14] under high strain rate impact loading. In most cases, 

one of the striking features of the impact test is the occurrence of localized deformation 

in the form of adiabatic shear bands [II.15] and [II.16]. The structure within the bands 

usually consists of recrystallized submicron-sized grains as a consequence of intense 

strain localization and temperature rise during straining [II.17], whose combination 

supposedly triggers recovery and/or recrystallization phenomena. Therefore, high strain 

rate loading techniques have been considered by some authors as a way to refine grains 

in metals and alloys [II.18]-[II.21]. It has been shown that the grain refinement in fcc 

metals such as Al [II.21] and Ni [II.9] during impact loading was accompanied by 

changes in crystallographic texture. 
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The present work applies direct impact Hopkinson pressure bar technique to study 

the microstructural changes during high strain rate impact test in high purity 

polycrystalline Zn. The evolution of the microstructure due to the impact loading is 

discussed in relation with the local mechanical behavior measured by nanoindentation. 

II.2. Experimental Procedure 

High purity polycrystalline Zn, whose chemical composition is given in Table II.1 

was supplied by Vieille Montagne Angleur (Umicore), Belgium, in the form of bar 

specimens having 100 mm in height and 6 mm in diameter. Cylindrical specimens of 

about 6 mm in diameter and 3.3 mm in height were prepared by electric discharge 

machining. Dynamic compression tests were performed by a direct impact Hopkinson 

pressure bar (DIHPB) system at room temperature (RT) and at a velocity of 29 m.s-1. 

Two samples were tested under the same conditions and they showed identical 

microstructural characteristics. The set-up of the DIHPB device is depicted in Figure I.1 

Further details can be found in our previous reports [II.9] and [II.22]. 

The microstructures before and after impact test were investigated by electron 

backscattering diffraction (EBSD) technique using a Zeiss Supra 40VP FEG scanning 

electron microscope (SEM). The EBSD scans covered regions of approximately 

1300 μm × 1300 μm using a step size between neighboring measurement positions of 

1 μm. Samples for EBSD investigations were prepared by mechanical grinding up to 

4000 grit SiC papers and a finish step using OP-S suspension from Struers™. The total 

duration of the polishing process was about 20 min. The average grain size, the fraction 

of low angle grain boundaries (LAGBs) and high angle grain boundaries (HAGBs) were 

extracted from the EBSD scans using an orientation imaging software OIM version 5.3 

from TexSem Laboratories. The EBSD studies were complemented by TEM 

investigations using a JEOL-2010 electron microscope at an operating voltage of 

Table II.1: Chemical composition of the Zn sample (data given by Vieille Montagne 
Angleur, Belgium). 

Zn Pb Cu Cd Fe 

base 0.00005% 0.0% 0.00002% 0.00003% 
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200 kV. Specimens for TEM investigations were first thinned mechanically and 

dimpled to about 60 μm. Final thinning was carried out in a Gatan Precision Ion 

Polishing System (PIPS). The local mechanical behavior was studied by nanohardness 

measurements using an UMIS nanoindentation device with a Berkovich indenter and 

applying a maximum load of 5 mN. The indentation rate was 0.15 mN/s. 

Nanoindentation experiments were performed at different locations of the impacted 

surface. In each location 400 indentations were carried out arranging the indents in a 

20 × 20 matrix. The distance between the neighbouring indents was 20 μm. The mean 

hardness at each location was calculated by averaging the 400 hardness values 

determined as.  

224.5
m

m

P
H

h
 

(II.1)

where Pm is the maximum load (5 mN) and hm is the maximum penetration depth 
during indentation. 

 

II.3. Results and Discussion 

II.3.1. Microstructure Characterization 
 

II.3.1.1. EBSD Investigations 

Figure II.1 illustrates the microstructure of the initial sample before high strain 

rate impact test. The grains are equiaxed having an average grain size of about 300 μm. 

In Figure II.1a, LAGBs are observed inside the grains and are represented as red lines 

(angle of misorientation ≤ 5°) and green lines (angle of misorientation between 5° and 

15°). The total volume fraction of LAGBs is about 15%. Figure II.1b indicates that the 

majority of the grains have [0001] crystallographic direction normal to the disc surface, 

corresponding to a strong [0001] texture as illustrated by the color code in the 

associated standard stereographic projection triangle. 
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Figure II.1: (a): EBSD boundary map of the initial microstructure that consists mainly 
of equiaxed grains bounded by HAGBs. The red and green lines correspond to 
LAGBs (see the text for more details); (b): EBSD inverse pole figure showing the 
orientation of grains on the surface of the initial sample. The majority of the grains 
possess a [0001] axis perpendicular to the surface of the sample. 

After the direct impact with a striker velocity of 29 m.s-1, the final diameter of the 

sample was increased to about 18.50 mm and the thickness of the disc was reduced to 

0.07 mm (h), which corresponds to an engineering axial strain, εeng = (h − h0)/h0 of 

about − 0.98 (h0 is the initial height of the sample). Assuming that a uniaxial state of 

stress prevails up to the engineering strain of − 0.4, the true stress and true strain rate as 

a function of true strain were calculated from the load and displacement data taken 

during impact test. These quantities are plotted in Figure II.2 up to the absolute value of 

true strain of 0.5 that corresponds to the engineering strain of − 0.4. It can be seen in 
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Figure II.2 that in the beginning of plastic deformation the strain rate was ~ 9 × 103 s−1 

which increased up to 1.5 × 104 s−1 at a true strain of − 0.5. At the end of the loading, 

the strain rate (not shown in Figure II.2) is of the order of 105 s−1. This value of strain 

rate falls into the viscous deformation regime where phonon drag has an important 

effect on dislocation motion [II.6]. It should be noted that a precise evaluation of the 

strain rate history for strain exceeding − 0.5 will require to conduct a numerical 

simulation of the experiment to take into account the evolution of the uniaxial stress 

state to a multi-axial one. This will be a topic of a further work. 

 

Figure II.2 : True stress and true strain rate as a function of true strain for the 
specimen tested at 29 m.s-1. 

Figure II.3 illustrates the microstructure obtained after impact test. The 

comparison with the initial state revealed a significant evolution of the grain structure 

due to deformation. Indeed, a gradient of the grain size is observed on the impacted 

surface. The center of the sample having a diameter of about 4 mm consists of equiaxed 

coarse grains with an average grain size of about 20 μm that is 15 times smaller than in 

the initial state. This central zone is surrounded by an outer ring consisting of even 

smaller grains whose average size is about 6 μm that is 50 times smaller than in the 

initial state. The frontier between these two areas is not sharp. Indeed, islands of coarser 

grains like those formed in the center of the sample, are immersed in the zone having 

small grains, and conversely. Some of the isolated small islands are indicated by squares 



 44

in Figure II.3. It is also worth to note that the distribution of LAGBs is not the same 

within the two types of microstructure. The central zone with coarser grains exhibits 

mostly LAGBs with misorientation angle ≤ 5° (red line or red etch pits), while the fine-

grained area is mostly populated by LAGBs with relatively high misorientation close to 

15° (green lines). The total fraction of LAGBs extrated from Figure II.3 was about 22% 

(16% for LAGBs with a misorientation angle ≤ 5°). The black clusters which are mostly 

seen in the vicinity of grain boundaries or at triple junctions in Figure II.3 correspond to 

non indexed areas, probably due to the presence of grains with the size lower than the 

EBSD step size. 

 

Figure II.3 : EBSD analysis of the impacted surface showing an inhomogeneous 
microstructure. The center of the sample (on the left side of the figure) consists 
mainly of coarse grains surrounded by a fine-grained rim (on the right side of the 
figure). The red and green lines correspond to LAGBs (see the text for more details). 

It is noted that the plastic deformation in hexagonal close-packed metals occurs by 

twinning and/or dislocation slip. In this context, the ratio c/a is a very important 

parameter. In the case of Zn with c/a = 1.856 (larger than the ideal value = 1.63), 

mechanical twinning can be activated mainly under compression. For example, Li et al. 

[II.23] investigated the fundamental plastic deformation and damage mechanisms in 

pure Zn under compression and cyclic compression–compression loadings. The main 

deformation and damage mechanisms consist of slipping, twinning, secondary twinning, 

kinking and cracking along grain boundaries and twin boundaries. Furthermore, the 
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deformation and fracture mechanisms in polycrystalline Zn for different values of grain 

size and tensile strain rate were reported by Liu et al. [II.24]. It was shown that crack 

propagation was accompanied by formation of deformation twins and kinked bands, 

while in the vicinity of a grain boundary, cleavage crack first induced a plastic zone 

ahead, and then crossed the grain boundary when the strain accumulates. In the present 

case, when pure polycrystalline Zn was deformed at high strain rate, the microstructural 

observations do not show any evidence of twinning, contariwise to its appearance when 

the deformation was carried out in the quasi-static regime. Most probably, the lack of 

twins in the impacted sample is caused by the relatively small size of grains formed at 

high strain rate deformation as in hcp metals the reduction of grain size is usually 

accompanied by the decrease of twinning activity [II.25]. In smaller grains the stresses 

developed at dislocation pile-ups are higher that facilitate the operation of < c + a> 

dislocations beside < a> dislocations, thereby reducing the occurrence of twinning. 

Beside the small grain size, the higher deformation temperature also facilitates the 

activation of < c + a> dislocations, therefore in the case of Zn where RT corresponds to 

higher homologous temperature than for Mg or Ti, the critical grain size may be larger 

as smaller stresses are enough for the activation of < c + a> dislocations. 

Further EBSD investigations of the impacted sample are shown in Figure II.4. 

Even if the information contained in the pole figures are incomplete and semi-

quantitative, Figure II.4a indicates that in the coarse-grained central region the 

crystallographic orientation became more scattered after the impact test compared to the 

initial state (for instance, the basal poles tend to be tilted away from the normal of the 

impacted surface), while in the outer ring most of the fine grains have [0001] orientation 

parallel to the normal of the impacted surface, yielding an intense level of a [0001] fiber 

texture (see Figure II.4b). Former reports have shown that the combination of basal 

{0001} 1120  slip and pyramidal {1122} 1123 slip in Zn resulted in textures with 

basal poles tilted away from the normal direction toward the rolling direction [II.26]. In 

addition, in hcp metals reorientation of the grains due to recrystallization was also 

observed [II.27]. Therefore, both the dislocation activity during large impact 

deformation and the annealing processes, such as recovery and recrystallization usually 

occurring at high strain rates may result in the observed textural evolution. This is in 

line with TEM investigations as discussed below. 
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Figure II.4 : EBSD images showing the orientation distribution of the grains and the 
corresponding pole figures after the impact test for (a) the coarse-grained center and 
(b) the surrounding fine-grained zone. 

II.3.1.2. TEM Investigations 

Figure II.5 shows qualitatively the typical microstructures observed by TEM after 

impact test. One quarter of the impacted disk was cut and within this piece three 

specimens were investigated, corresponding to the fine-grained outer ring (Figure II.5a), 

the intermediate zone (Figure II.5b) and the coarse-grained area in the center of the disk 

(Figure II.5c and d). Equiaxed and dislocation-free grains/crystallites are found within 

the fine-grained outer ring. It is noted that in the TEM micrographs some grains have 

much smaller size (about 500 nm) than the average value determined by EBSD (6 μm) 

that can be attributed to the step size used in EBSD investigations (about 1 μm). 

Moreover, differences between the grain size values observed by TEM and EBSD 

analyses are usually reported in the literature [II.28]. 
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Figure II.5 : TEM images taken on different areas of the Zn sample impacted at a velocity 
of 29 m.s-1: outer ring having dislocation-free grains (a), the intermediate zone containing 
dislocation walls and some isolated dislocations (b), and the center part with large grains 
containing straight dislocation segments (c) as well as dislocation loops (d). 

In the intermediate zone between the outer ring and the central area, another type 

of substructure is found which contains dislocation cells and a few isolated dislocations 

or dislocation debris (Figure II.5b). The observed substructure resembles to a 

polygonized structure similar to that develops during a recovery process. In the coarse-

grained central area, the grains are populated with a high density of individual 

dislocations (see Figure II.5c) or dislocation networks (not shown). Both the TEM 

observation of the loose dislocation networks and the EBSD results indicating a large 

amount of LAGBs with small misorientations suggest a less correlated dislocation 
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structure in the central coarse-grained region. Another characteristic feature of the 

microstructure is illustrated in Figure II.5d which shows the presence of dislocation 

loops exhibiting fringes as they are inclined from the observation plane. This type of 

substructure was observed in both coarse-grained and fine-grained areas. Such loops 

were reported in high purity (99.999%) Zn quenched after annealing [II.29] and may 

have been formed by point defect agglomeration. 

The dislocation-free grains and the polygonized dislocation structure suggest that 

recovery and/or recrystallization occurred due to the high strain and temperature rise in 

the short duration of the impact test. Local heating usually occurs due to the high strain 

rate impact as reported many times in the literature [II.9]. During high strain rate 

deformation, the fraction of plastic work, Wp that gets converted into heat in a unit 

volume during a supposedly adiabatic deformation process (assuming it is 90% of the 

plastic work) is related to the temperature increment as [II.30]-[II.32]:  

0.9 p

p

W
T

C
   (II.2)

where ρ is the mass density and Cp is the specific heat at constant pressure. The values 

of ρ and Cp for Zn are 7140 kg m− 3 and 390 J kg− 1 K− 1, respectively. Theoretically, this 

formula yields a temperature increment of ΔT ~ 660 K. Therefore, during the high strain 

rate impact at RT the temperature of the sample may increase to T + ΔT ~ 960 K that is 

above the melting temperature of Zn (~ 692 K). This temperature level could have 

melted the specimen. Most probably, the surrounding material of the impact device 

dissipated a significant fraction of heat. In fact, the sample remained in contact with the 

impacting bar made of a tungsten alloy having very high thermal conductivity 

(~ 75 W/mK) that most probably led to a rapid cooling of the sample. Therefore, in such 

a case, the melting does not occur but the temperature remains high enough to trigger 

structural changes controlled, in part, by the strain gradient. The observed dislocation 

loops may be formed from point defects during cooling of the impacted sample. It is 

worth to note that Mishra et al. [II.33] have calculated the cooling rate in Cu sample 

severely deformed by a steel cylinder (thermal conductivity is ~ 35.17 W/mK) at RT 

and a strain rate of 1 s−1. Their calculations showed that the sample cooled down from 

355 K to RT within a time interval of 5 s. 
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As the center part contains significant amount of dislocations, while in the outer 

ring mostly defect-free grains are observed, most probably in the center there was only a 

recovery of the microstructure while in the ring recrystallization occurred during impact 

test. This inhomogeneity of the microstructure may be a consequence of both strain and 

temperature gradients. The recrystallization of the outer ring may be caused by the 

higher strain evolved there during deformation compared to the center region. This is 

caused by the bulging of the sample during impact test originating from the friction 

between the surfaces of the pressing bars and the sample. The higher strain in the outer 

ring yielded a higher driving force for recrystallization compared to the center part 

where probably only recovery occurred. Such a strain gradient has been also reported in 

ECAP-processed Cu during high strain rate impact test [II.34]. 

As discussed in sectionII.3.1.1, the [0001] texture in the outer ring is most 

probably also formed due to recrystallization. The (0001) basal plane in Zn has the 

lowest surface energy [II.35] among the crystallographic planes. Therefore this plane in 

the recrystallized grains is favorably lying parallel to the impacted surface. As a 

consequence, in both the annealed initial state and the recrystallized outer ring, [0001] 

texture was formed. 

Finally, Schmid and Boas [II.36] have been also reported similar gradient in grain 

size for Sn sheets that were impacted by bullets at high strain rates. Around the holes 

left by the bullet impact, a recrystallized zone having fine grains was observed that was 

surrounded by a coarse-grained outer ring. The microstructure inhomogeneity was 

explained by the existence of a strain gradient, which was associated with the local 

increase of temperature resulting in dynamic recrystallization. It should be noted that 

the microstructure observed here is reversed to that discussed in [II.36]. In the present 

case, the average grain size in the center zone is much larger than in the outer ring. This 

apparent dichotomy can be explained by considering that in the case of a bullet impact 

the strain is the highest in the vicinity of the hole while in our case the strain is the 

largest at the periphery of the impacted disk. 
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II.3.2. Local mechanical behavior by nanoindentation test 
 

Nanohardness measurements were carried out at five locations on the disk which 

are numbered from 1 to 5 as shown in Figure II.6a. The mean hardness was determined 

for each location from 400 indentations and plotted in Figure II.6b as a function of 

number of location. It can be revealed that the coarse-grained area possesses higher 

mean hardness value compared to the fine-grained outer ring. The observed mechanical 

behavior can be explained by the higher dislocation density in the center as follows. 

 

 

Figure II.6 : (a) The locations on the disk where nanohardness values were 
measured. The missing quarter was used for TEM investigations (see 
Section II.3.1.2); (b) the mean nanohardness at different locations. Locations 2 and 3 
correspond to the coarse-grained zone, while locations 1, 4 and 5 correspond to the 
surrounding fine-grained ring. 

 
Taking into account the strengthening caused by grain boundaries and dislocations 

using Hall–Petch and Taylor-formulas, respectively, the yield strength in the different 

areas of the impacted Zn sample can be approximated as:  
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1/ 2 1/ 2
0 Kd MGb       

where σ0 is the friction stress, d is the grain size, α is a constant, M is the Taylor factor 

(αM ≈ 1), G is the shear modulus (40 GPa for Zn), b is the length of the Burgers vector 

(an average value of 0.42 nm was chosen assuming < a> and <c + a> dislocations with 

equal fractions) and ρ is the dislocation density. Using the values of σ0 = 23 MPa and 

K = 8.5 MPa mm1/2 taken from Ref. [II.37], as well as the grain size values determined 

by EBSD (20 and 6 μm for the coarse-grained center and the fine-grained outer ring, 

respectively), the contributions of grain boundaries to strength are 60 and 110 MPa for 

the coarse-grained center and the fine-grained outer ring, respectively. The average 

distance between dislocations estimated from Figure II.6c is 160 nm that corresponds to 

the dislocation density of 4 × 1013 m−2. Substituting this value into Eq. (II.3), 105 MPa 

is obtained for the dislocation strengthening in the center region. As dislocation was 

only scarcely observed in the fine-grained outer ring, therefore in this region the 

dislocation strengthening was neglected. The calculation presented above shows that in 

the center zone the smaller grain boundary strengthening compared to the outer ring is 

overwhelmed by the dislocation strengthening, resulting in a higher total strength in the 

coarse-grained center than in the fine-grained outer ring. Assuming that the hardness is 

approximately three times of the yield strength, 600 and 400 MPa are obtained for the 

hardness of the center part and the outer ring, respectively, that are in good agreement 

with the experimental results (see Figure II.6b).  

It should be noted that the [0001] texture in the outer ring may also affect the 

hardness value but it is difficult to estimate whether this texture increases or decreases 

the hardness compared to the case of random grain orientation as this effect depends on 

the type of active dislocation slip systems. As the Berkovich indenter used in this study 

is relatively flat, the resolved shear stresses in the planes lying perpendicular or parallel 

to the loading axis are low. Consequently, if [0001] texture exists, the basal and 

prismatic slips are difficult to occur under the tip, thereby increasing the hardness value 

compared to the case of random grain orientation. At the same time, the slip on 

pyramidal planes are easier for a hcp material having [0001] texture than for a randomly 

oriented grain structure. During plastic deformation of a hcp metal, usually basal and/or 

prismatic as well as pyramidal slips occur [II.38], therefore the [0001] texture may 
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increase or decrease the hardness depending on the dislocation populations on the 

different slip planes. 



 53

II.4. Conclusions 

High purity polycrystalline Zn was deformed at high strain rate by DIHPB. It was 

found that:  

 The microstructure is considerably refined and an inhomogeneous grain structure 

developed, containing larger grains in the center region and finer grains in the rim. 

This microstructure is most probably caused by the strain gradient in the impacted 

sample. In the center part, where the strain is lower only recovery occurred while in 

the outer ring recrystallization took place due to the higher strain. 

 Local mechanical measurements by nanoindentation showed that the large-grained 

area possesses higher hardness value compared to the fine-grained rim. This is 

attributed to the higher dislocation density in the center region whose hardening 

effect overwhelms the reduced strengthening due to the larger grain size compared to 

the outer ring.  
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Chapter III 

Comparative study of the mechanical behavior and 

underlying deformation mechanisms of coarse- and ultrafine-

grained Zn over a wide range of strain rate at fine strains 

 

III. 1. Introduction   

Strain rate has a crucial impact on the mechanical properties and microstructure 

evolution of deformed materials. At the macroscopic level, the flow stress usually 

increases with increasing strain rate. This behavior was reported to be strongly 

dependent on the nature of the material being tested [III.1]-[III.4]. In face centered cubic 

(FCC) materials, the plot of the flow stress versus the logarithm of strain rate usually 

displays a steep raise in flow stress at strain rates higher than about 103 s-1 [III.5]-[III.7] 

which is believed to correspond to a transition of deformation mechanism from 

thermally activated overcoming of obstacles by dislocations to viscous drag-controlled 

dislocation motion [III.8] and [III.9]. At a maximum strain rate of about 106 s-1 

relativistic effects yield a very large increase of flow stress [III.10]. The density and the 

maximum velocity of mobile dislocations limit the achievable strain rate. The latter 

quantity corresponds to the shear wave velocity in a crystal [III.11]. Earlier works 

[III.12]-[III.15] performed on different metals and alloys showed that the deformation at 

high strain rates is accompanied by an increase in dislocation density. Simultaneously, 

an enhancement in formation of nanotwins in fine-grained Ni deformed at an average 

strain rate of 104 s-1 has been also reported recently [III.16].  

It should be noted that the transition from thermally activated to viscous drag has 

been challenged by number of authors. Indeed, Follansbee and Kocks (1988) [III.13] 

pointed out that the plastic deformation under a very high strain rate of 104 s-1 is still 

controlled by the thermally activated dislocation mechanism, and that the postulated 

transition mechanism of rate-controlled deformation from thermal activation control to 

dislocation drag control does not occur at high strain rates. Although Rusinek et al 
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(2010) [III.17] showed in their Modified Rusinek–Klepaczko (MRK) model that both 

thermally activated and viscous drag mechanisms are operative within high strain rate 

range, Zerilli and Armstrong (1992) [III.12] proved that dislocation drag is not the 

reason for the strong upturn of the flow stress, because the uniform strain in a tension 

test should increase at high strain rates, but the dislocation-drag model concludes the 

opposite. This indicates that when the strain rate is beyond a critical value, something 

unclear in the thermal activation mechanism must have played a key role. For instance, 

an enhanced growth rate of dislocation generation (or enhanced accumulation rate of 

dislocations) will become dominant when strain rate approaches 104 s-1
 [III.18]. To 

explain the upturn phenomenon, Follansbee and Kocks introduced empirically a new 

factor to their model – the effect of strain rate on the initial strain hardening rate. They 

considered that the observed change in the strain rate sensitivity was due to the strain 

rate sensitivity of the structure evolution. Nemat-Nasser and Li (1998) [III.19] included 

the effect of the enhanced dislocation accumulation rate by redefining the mean 

dislocation spacing and dislocation density. In this way, however, the modified term 

was only defined as the function of temperature and strain, but not the strain rate. 

Molinari and Ravichandran (2005) [III.20] tried to simulate the upturn by introducing 

the characteristic length evolution of a material’s microstructure. As a matter of fact, all 

the above investigations converge to the same conclusion, i.e., when the strain rate 

approaches 104 s-1, the growth rate of dislocation generation begins to accelerate, 

leading to an abrupt increase of dislocation density and a rapid decrease of the 

dislocation characteristic lengths (e.g., dislocation spacing, activation area, cell size, 

etc.), and in turn, inducing an upturn of the flow stress. 

In hexagonal close-packed (HCP) metals, such as in Zn, it is well established that 

the plastic deformation during compression at room temperature (RT) and low strain 

rates occurs via both twinning and slipping [III.21]. However, a recent report [III.22] 

showed that during dynamic compression of high purity equiaxed and coarse-grained 

polycrystalline Zn at a strain rate of about 104 s-1 twinning did not occur but rather 

significant grain refinement and development of a strong fibre texture were observed, 

suggesting a transition from twinning at low strain rate regime to enhanced dislocation 

controlled plasticity at high strain rates, contrary to the behavior reported for coarse-

grained Ni deformed in the same conditions [III.16].  
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The effect of the grain size on the deformation mechanism in ultrafine-grained 

(UFG) and nanocrystalline Zn submitted to quasi-static loading has been also studied in 

details [III.23]. It is suggested that the deformation mechanisms for UFG (the average 

grain size is 240 nm) and nanocrystalline (the average grain size is less than 50 nm) Zn 

were dislocation motion and grain boundary sliding, respectively. However, to the 

knowledge of the present authors, the study of the mechanical behavior of UFG Zn 

subjected to dynamic straining is missing from the literature. Therefore, in this chapter, 

the mechanical behavior of high purity UFG and coarse-grained Zn under quasi-static 

and dynamic compression tests at RT is investigated. The microstructure evolution 

during deformation is also studied in order to reveal the underlying deformation 

mechanisms at different strain rate regimes. 

III. 2. Materials and Experimental procedures 

Two types of materials are considered in this study: a coarse-grained and an UFG 

high purity Zn, hereafter referred to as MC-Zn and UFG-Zn, respectively. The as-cast 

MC-Zn material was supplied by Vieille Montagne Angleur (Umicore), Belgium in the 

form of bar specimens having 100 mm in height and 6 mm in diameter. The chemical 

composition of MC-Zn is given in Table III.1. The UFG-Zn was consolidated from Zn 

nanopowder (supplied by Umicore, Belgium) using spark plasma sintering (SPS). 

Details of the SPS fabrication process can be found in a recent report [III.24]. The 

composition of UFG-Zn is given in Table III.2. The SPS processing was carried out by a 

Syntex apparatus, model S15S located at ICMPE platform (Thiais, France). The 

optimized sintering conditions were as follow: a dwell pressure of 125 MPa, a 

temperature of 300 °C and a holding time of 5 minutes. The relative mass density of the 

consolidated UFG-Zn was about 97 % as determined by Archimede’s principle.  

 

 

 

Table III.1: Chemical composition of MC-Zn sample in at. %  
(data from UMICORE) 

Zn Pb Cd Fe 

base 0.00005 % 0.00002 % < 0.00003 % 
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Table III.2: Chemical composition of the Zn nanopowder in at. % 
(data from UMICORE) 

Zn Pb Cu Cd Al Sn 

base 0.002 % 0.006 % 0.0002 % 0.005 % < 0.003 % 

 

Microstructure investigations of the initial powder, samples UFG-Zn and MC-ZN 

were performed by either scanning electron microscopy (SEM), electron backscatter 

diffraction (EBSD), transmission electron microscopy (TEM) or by X-ray line profile 

analysis, depending on the microstructure characteristics of the materials under study. 

For example, X-ray line profile analysis was not carried out on MC-Zn samples since 

their crystallite sizes and dislocation densities were higher and lower, respectively, than 

the detection limits of this method (about 800 nm and 1013 m-2, respectively). Rather, 

these samples were investigated by EBSD using a Zeiss Supra 40VP FEG scanning 

electron microscope. The EBSD scans covered large regions of approximately 1300 μm 

× 1300 μm using a step size between neighboring measurement positions of 1 μm and 

0.2 μm for MC-Zn and UFG-Zn, respectively. Samples for EBSD investigations were 

prepared by mechanical grinding using 4000 grit SiC papers and a finish step using OP-

S suspension from Struers. The total duration of the polishing process was about 20 

minutes. The average grain size, the fraction of low angle grain boundaries (LAGBs, 

having misorientation angle lower than 15 degrees) and high angle grain boundaries 

(HAGBs, having misorientation angle higher than 15 degrees) were extracted from the 

EBSD scans using an orientation imaging software OIM version 5.3 from TexSem 

Laboratories. The EBSD studies were complemented by TEM investigations using a 

JEOL-2010 electron microscope at an operating tension of 200 kV. Specimens for TEM 

investigations were first thinned mechanically and dimpled to about 60 μm. Final 

thinning was carried out in a Gatan™ Precision Ion Polishing System (PIPS) model 691 

under the following conditions: electrical tension of 5 kV, current of 5 mA, beam 

inclination angle of ± 7°. 

The microstructure of UFG-Zn samples was also studied by X-ray line profile 

analysis. The X-ray line profiles were measured by a high-resolution rotating anode 

diffractometer (Nonius, FR 591) using CuKα1 (λ = 0.15406 nm) radiation. Two 
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dimensional imaging plates were used for detection of the Debye-Scherrer diffraction 

rings. The line profiles were determined as the intensity distribution perpendicular to the 

rings obtained by integrating the two dimensional intensity distribution along the rings. 

It should be noted that for the as-consolidated UFG-Zn sample and some compressed 

specimens, a few sharp intensity spots were visible along the Debye-Scherrer rings. 

These sharp peaks were as narrow as the instrumental broadening (Δ(2Θ)=0.02°), 

therefore they were not evaluated for the microstructure. These sharp intensity spots are 

related to reflecting grains where the grain size is larger and the dislocation density is 

lower than the detection limits of X-ray line profile analysis for the applied 

experimental setup. Therefore, only the broader and more homogeneous parts between 

the large intensity spots were evaluated by line profile analysis using the Convolutional 

Multiple Whole Profile (CMWP) fitting method [III.25] and [III.26]. In this procedure, 

the diffraction pattern is fitted by the sum of a background spline and the convolution of 

the instrumental pattern and the theoretical line profiles related to the crystallite size, 

dislocations and twin faults. Nineteen peaks of Zn were fitted in the evaluation of line 

profiles. The details of the CMWP procedure are available elsewhere [III.25] and [III. 

27]. The CMWP fitting procedure was applied to determine the area-weighted mean 

crystallite size, <x>area, the dislocation density, , and the twin boundary frequency, β, 

where the latter quantity is defined as the relative fraction of twin boundaries among the 

lattice planes lying parallel to them. 

The CMWP procedure also enables the determination of the prevailing dislocation 

slip systems in hexagonal crystals. The q1 and q2 parameters of the dislocation contrast 

factors obtained by the CMWP method depend on the type of dislocations [III.28]. The 

q1 and q2 values for the eleven possible slip systems in Zn have been calculated 

according to Kuzel and Klimanek [III.29] and listed in table 2 in [III.30]. The eleven 

dislocation slip systems can be classified into three groups based on their Burgers 

vectors: 1 1/3 2110b  (<a> type), 2 0001b   (<c> type) and 3 1/3 2113b   (<c + a> 

type). There are 4, 2 and 5 slip systems in the <a>, <c> and <c+a> Burgers vector 

groups, respectively. A computer program was elaborated to determine the Burgers 

vector population from the measured values of 1q  and 2q . The detailed description of 

the procedure is given in [III.31]. 
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For the investigation of the mechanical properties as function of strain rate, 

cylindrical specimens of about 6 mm in diameter and 3.3 mm in height were prepared 

from both MC-Zn and UFG-Zn by electric discharge machining. Quasi-static uniaxial 

compression tests were conducted over a strain rate range of about 6.7×10-5 s-1 to 

6.7×10-2 s-1 by means of a universal Instron testing machine (model 1195). For each 

compression test, the strain was evaluated from the crosshead displacement corrected by 

the stiffness of the testing machine. Dynamic compression experiments were performed 

by a direct impact Hopkinson pressure bar (DIHPB) system at different velocities, 

yielding a maximum initial strain rate of about 104 s-1. No lubricant was used during the 

tests. Further details of the high strain rate compression tests can be found in our 

previous reports [III.5], [III.16] and [III.22]. Table III.3 and III.4, list the conditions of 

mechanical testing for materials UFG-Zn and MC-Zn, respectively. In order to limit the 

strain in the impact tests, the striker was stopped by rings placed around the samples. 

The heights of the rings correspond to the desired maximum strains. The rings were 

made of high strength tungsten alloy with yield strength of 1600 MPa and outside and 

inside diameters of 20 mm and 10 mm, respectively. 

Table III.3: The crosshead or striker velocity (v), the corresponding strain rate ( ε ) and 
the strain (ε) applied during quasi-static or dynamic compression of UFG-Zn 
specimens. In the case of impacted samples, ε  is the strain rate at the beginning of 
compression. 

Sample notation v (mm/s)  ε (s-1) ε  

NZnC1  0.00236  8x10-4  0.29 

NZnC3  1  0.35  0.31 

NZnC2 10  3.56  0.31 

NZnIC1  16000  4834  0.22 

NZnIC3  15000  4500  1.92 

NZnIC4  35000  10542 2.91 
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III. 3. Results and discussion 

III.3.1. Initial microstructures  

Figure III.1a-d show the microstructures of the initial Zn nanopowder, the as-

consolidated UFG-Zn and the as-received MC-Zn materials, respectively. The TEM 

image in figure 1a reveals that the nanopowder particles are not exactly spherical but 

rather faceted. The average particle size was about 50 nm as measured by TEM. Figure 

III.1b shows an EBSD image of the consolidated UFG-Zn sample. Some very large (up 

to the size of 50 μm) single-crystalline or multi-crystalline grains are embedded in the 

UFG matrix. Most probably, these large grains grew during sintering. This is supported 

by the fact that an UFG volume (indicated by arrow) is enclosed in the large grain 

labeled as in Figure III.1b. The average grain size computed from the EBSD data was 

about 420 nm, but ~250 nm was obtained if only the UFG matrix was considered. A 

representative TEM image of the UFG matrix is shown in Figure III.1c. Both TEM 

investigation and X-ray line profile analysis gave 200-250 nm for the crystallite size in 

the as-consolidated UFG-Zn.  

Table III.4: The crosshead or striker velocity (v), the corresponding strain rate ( ε ) 
and the strain ( ) applied during quasi-static or dynamic compression of MC-Zn 
specimens. For impacted samples ε  represents the strain rate at the beginning of 
compression. The average grain size values, Dav, after deformation are also 
shown.  

v (mm/s) ε (s-1) ε  )(µmDav  

0 0 0 780 

0.05 6.7x10-5 0.4 282 

0.5 6.7x10-4 0.4 291 

5 6.7x10-3 0.4 228 

20 2.7x10-2 0.4 196 

50 6.7x10-2 0.56 53 

10 3.5 0.26 113 

12500 3900 0.2 211 

28940 8900 0.23 110 

29600 9100 0.22 114 

65(Central zone) 
29600 

 
9100 

 

 
0.56 

 26 (outer rim) 
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The microstructure of the as-processed MC-Zn material was investigated by 

EBSD. A cross sectional view is presented in Figure III.1d. The grains are elongated 

with an average size of about 780 μm as evaluated from the area of grains in SEM 

micrographs. Alike the UFG-Zn counterpart, MC-Zn possesses also a near random 

crystallographic orientation. 

   
 

   
 

Figure III.1 : (a) TEM micrograph showing the morphology of the initial Zn 
nanopowder that was subsequently consolidated into bulk material by SPS. Some 
faceted particles are noticed; (b) EBSD image and (c) TEM micrograph of the UFG-Zn 
material consolidated from the nanopowder; (d) EBSD image showing the elongated 
morphology of the grains in the as-cast coarse-grained Zn. The colour code of the 
standard stereographic triangle inset in (d) illustrates de grain orientations. 
 

The X-ray diffraction pattern measured for X-ray line profile analysis revealed the 

presence of ZnO phase in the as-consolidated UFG-Zn. A part of the Xray diffractogram 
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for this material is shown in Figure III.2. The ratio of the summed intensities under ZnO 

and Zn peaks in the diffraction angle range of 30-140° is 9  1 % and the size of ZnO 

crystallites is ~20 nm as estimated from the breadth of the first X-ray diffraction peak of 

the oxide phase using the Scherrer-equation. Most probably, the ZnO formed during 

SPS processing, as it was not detected by XRD investigation conducted on the initial 

powder. This point has not been clarified yet. 

 

Figure III.2: A part of the X-ray diffractogram for the UFG-Zn sample consolidated by 
SPS at 125 MPa. 

 

III.3.2. Mechanical properties of UFG-Zn and MC-Zn 

The flow stress vs the logarithm of strain rate for both UFG- and MC-Zn is 

plotted in Figure III.3a. For each specimen, the flow stress was measured at a strain 

value of 0.05 on the stress-strain curves (not shown here). In accordance with previous 

investigations [III.32] and [III.33], the flow stress increases with increasing strain rate 

reaching a value of about 850 MPa and 690 MPa at the highest applied strain rate of 

~104 s-1 for UFG-Zn and MC-Zn, respectively. Figure III.3b shows the flow stress vs 

strain rate data in double logarithmic scales. Three strain rate ranges can be 

distinguished. In the first two regimes denoted as Ranges I and II the relationship 

between the logarithm of stress (σ) and strain rate ( ) values is quite linear suggesting 
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that they obey the following formula usually applied for high-temperature steady state 

creep:  

  m (III.1)

where m is the strain rate sensitivity parameter.  The values of m are 0.11 ± 0.02 and 

0.18 ± 0.01 for MC-Zn and UFG-Zn, respectively, as determined from the slopes of the 

straight lines fitted to the datum points in Figure III.3b for strain rates smaller than 3.5 s-

1. The validity of Eq. (III.1) in the present case and the relatively large values of m 

suggest that the deformation at low strain rates is mainly controlled by thermally 

activated mechanisms, such as dislocation climb inside the grains and/or grain boundary 

sliding, which can be explained by the high homologous temperature of straining (RT 

corresponds to a homologous temperature of 0.43 in the case of Zn). It is noted that the 

strain rate sensitivity for UFG-Zn is close to the value of 0.15 determined previously for 

a Zn sample with the grain size of 238 nm consolidated from ball-milled powder 

[III.35]. The operation of thermally activated mechanisms can also explain the smaller 

flow stress for UFG-Zn than for MC-Zn at the very low strain rate of 10-3 s-1 (see Figure 

III.3b). Namely, the three orders of magnitude smaller grain size in the former sample is 

accompanied with a much larger grain boundary fraction, yielding a faster diffusion, 

and therefore a lower flow stress is required for plastic deformation at a given strain 

rate. The larger contribution of grain boundary diffusion controlled mechanisms, such 

as grain boundary sliding, to deformation of UFG-Zn can also explain its higher strain 

rate sensitivity compared to MC-Zn [III.36].  
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Figure III.3 : (a) The flow stress at the strain of = 0.05 vs logarithm of the strain rate for 
both MC-Zn and UFG-Zn; (b) Double logarithmic plot of the data from (a). The 
estimated strain rate sensitivity values, m, are also shown for both MC-Zn and UFG-Zn. 
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Figure III.3b shows that Eq. (III.1) held for UFG-Zn even at high strain rates (in 

the range of 3.5-104 s-1), however, the value of m decreased to 0.07 ± 0.01. Figure III.3b 

suggests similar reduction of the strain rate sensitivity for MC-Zn in the range of 3.5-

103 s-1, but the value of m cannot be evaluated due to the lack of enough datum points. 

The decrease of strain rate sensitivity with increasing strain rates outside the dynamic 

regime is in accordance with previous experiments performed on coarse-grained Zn 

[III.34]. It should be noted that the analysis of   and   data in Figure III.3b yields 

only an estimation of the strain rate sensitivity since these stress and strain-rate values 

may correspond to slightly different microstructures developed in the samples deformed 

up to a strain of 0.05 at various strain rates. The best way to determine m is the strain 

rate jump test at constant temperature where the change of microstructure during the 

measurement is negligible [III.37]. Nevertheless, the analysis of   and   data was also 

performed for other strains between 0.002 and 0.2 and the obtained strain rate 

sensitivity parameters agree with the value of m determined for the strain of 0.05 within 

the experimental error which supports their reliability, as far as the present study is 

concerned. 

Figure III.3a shows that the flow stress for MC-Zn increases steeply with 

increasing strain rate above 103 s-1, which is usually explained by the viscous drag of 

dislocations [III.10]. In this case, the force acting on a dislocation (b) is proportional 

with the dislocation velocity (v) as: 

vBb   

where τ is the shear stress acting on the dislocation in the glide plane in the direction of 

the Burgers vector, b is the magnitude of the Burgers vector and B is the drag 

coefficient [III.10]. The strain rate can be related to the average velocity of dislocations 

as : 

  mbv
M

 

where ρm is the mobile dislocation density and M is the Taylor factor (M = 4.5 for a 

randomly oriented HCP polycrystal [III.38]). Using the relationship between the shear 

stress and the uniaxial compression stress (σ = Mτ ) and applying eqs. (III.5) and (III.6), 
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the following relationship between the stress and the strain rate can be obtained for 

viscous drag of dislocations: 

 
BM 2

mb2
  

The drag coefficient B can be given as [III.10]: 

300e p

T
B B B     

 
 

where T is the absolute temperature of deformation and the coefficients Be and Bp are 

associated with electron and phonon drags, respectively. The Bp is about one order of 

magnitude larger than Be and therefore the former one gives the main contribution to B 

at RT. Although the parameter B depends on the prevailing dislocation slip system, we 

use its average value of about 10-4 Ns.m-2 for Zn at RT [III.39]. Taking the value of b = 

0.4 nm as determined by averaging the magnitudes of Burgers vectors for different 

types of dislocations in Zn and M=4.5, the mobile dislocation density was calculated 

from the stress and strain data using Eq. (III.4). The density of mobile dislocations was 

found to be in the range of 0.3-1.7  1011 m-2. 

It is noted that at high strain rates the temperature usually increases significantly 

during dynamic compression, which influences the value of B according to eq. (5). 

Assuming that 90% of the plastic work (Wp) transformed into heat in an adiabatic 

compression, the increase of the sample temperature (ΔT) can be estimated from the 

following formula 

0.9 p

mass p

W
T

c
   

where ρmass is the mass density (7140 Kg m-3 for Zn) and cp is the specific heat (390 J 

.Kg-1.K-1). The plastic work calculated from the stress-strain data for MC-Zn at the 

highest strain rate (104 s-1) was 3.9  108 J m-3. Using this value, Eq. (III.6) gives a 

temperature rise of 127 K when the dynamic compression finished, which yields a 

sample temperature of 427 K (homologous temperature of 0.61). However, due to the 

high heat-conductivity tungsten bars of the DIHPB set up this temperature decreased 

very quickly to room temperature. Namely, this cooling period can be estimated as : 
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where the heat redution of ΔQ equals to 0.9 Wp, k is the thermal conductivity of Zn (112 

W m-1 K-1), x is the thickness (2 mm) and A is the area of the sample surface contacted 

with the bars (92 mm2) at the end of compression. Assuming that the tungsten bars are 

always at about room temperature due to their high heat-conductivity, the value of ΔT 

obtained from eq, (6) can be substituted into Eq, (III.7). The obtained cooling period of 

5  10-2 s is much larger than the duration of compression (10-4 s), which suggests that 

first the temperature increased by about 127 K then it decreased to room temperature 

very quickly (in 5  10-2 s). The increase of the sample temperature from 300 to 427 K 

during dynamic compression will increase the value of B by about 40% which does not 

change the order of magnitude of m. Similarly, even if a texture formed during 

deformation, the deviation of M from 4.5 would not alter the order of magnitude of the 

mobile dislocation density. It is also noted that relativistic effects should not be 

considered here as even at the highest strain rate of 104 s-1 for MC-Zn the velocity of 

dislocations is not higher than about 0.3Cs (Cs  2370 ms-1 is the velocity of shear 

waves in Zn) as calculated from Eq. (III.3) and relativistic effects become significant 

only above 0.8  Cs [III.11]. 

For UFG-Zn the steep increase of the flow stress was not observed even at very 

high strain rates (see Figure III.3a), suggesting that viscous drag effects are negligible 

for this material. The lack of dislocation drag phenomenon in UFG-Zn can be explained 

by the relatively large dislocation density (1014 m-2 see the next section) and the small 

grain size as both hinder the acceleration of dislocations to very high velocities 

necessary for the occurrence of viscous drag effects. The velocity of dislocations in 

UFG-Zn is about 1 m.s-1 (~10-3Cs) for the highest applied strain rate (104 s-1) as can be 

estimated from Eq. (III.3) using b = 0.4 nm and M = 4.5, and assuming that the mobile 

dislocation density has the same order of magnitude as the total dislocation density 

(1014 m-2). The present observations for the difference in the stress vs strain-rate 

characteristics for UFG-Zn and MC-Zn at very high strain rates are in accordance with a 

previous report [III.40]. It is noted that during quasi-static straining of MC-Zn at RT in 

addition to dislocation slip, twinning also operates as it has been shown in previous 
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works [III.41] and [III.42]. In the following, we discuss the microstructure evolution in 

UFG-Zn and MC-Zn during quasi-static and dynamic compressions. For the sake of 

clarity the strain rates in the next sections refer to their initial values in the beginning of 

deformation for both quasi-static and dynamic compression experiments. 

III.3.3. Microstructure evolution during compression 

III.3.3.1. Microstructure of UFG-Zn from X-ray line profile analysis  

The microstructure of UFG-Zn before and after compression was investigated by 

X-ray line profile analysis using the CMWP fitting method. As an example, the CMWP 

fitting for UFG-Zn is shown in logarithmic intensity scale in Figure III.4. The open 

circles and the solid line represent the measured data and the fitted curve, respectively.  

 

Figure III.4 : The X-ray diffraction pattern in logarithmic intensity scale for UFG-Zn 
sample. The open circles and the solid line represent the measured and the fitted X-ray 
diffraction patterns, respectively. A part of the pattern is presented in the inset with 
linear intensity scale. The difference between the measured and the fitted patterns is also 
shown at the bottom of the inset. 

The area weighted mean crystallite size (<x>area), the dislocation density ρ and the 

relative fraction of a  , c   and c a    dislocations obtained by the CMWP 

method are listed in Table III.5 for the as-consolidated material and also after 
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compression at different strains and strain rates. The crystallite size is 202 ± 20 nm in 

the as-consolidated state that is close to the grain size, ~250 nm determined by TEM 

(see Figure III.2c). It is noted that the microstructural parameters determined by X-ray 

line profile analysis characterize only the fraction of the sample where the crystallite (or 

grain) size is smaller than about 800 nm. As it was mentioned above, the Debye-

Scherrer rings detected in X-ray diffraction experiments contain high intensity spots 

scattered from large crystallites that most probably correspond to similar large grains. 

The number of high intensity spots counted for all the Debye-Scherrer rings is also 

given in Table III.5. In the samples exhibiting these spots, the dislocation density and 

crystallite size averaged for the whole specimen are lower and larger, respectively, than 

the values determined by X-ray line profile analysis. The lack of a subgrain structure 

and the moderate value of the dislocation density (0.7 ± 0.1 × 1014 m-2) in the as-

consolidated sample can be explained by the very high homologous temperature of SPS 

consolidation (0.83 corresponding to 300 °C).   

The twin boundary frequency both in the as-consolidated and the compressed 

UFG-Zn samples was under the detection limit of X-ray line profile analysis, 0.05 %, 

which corresponds to the twin boundary spacing of 600 nm, if the average spacing of 

lattice planes is taken as 0.3 nm. This value is much larger than the average grain size of 

250 nm in the UFG matrix, suggesting negligible amount of twin boundaries. The 

absence of twins in the present UFG-Zn sample is in agreement with previous 

observations which have shown that the probability of twinning in HCP structures 

decreases with decreasing grain size [III.43]-[III.45] and also confirmed by the present 

TEM investigations (see figure III.1c). 

In a HCP metal, the deformation parallel to the basal plane is resulted by the easy 

glide of dislocations with a   Burgers vectors. At the same time, the strain in the 

direction of the crystallographic c-axis may be performed by glide of dislocations with 

c a    Burgers vector or by twinning (both processes operate mainly on pyramidal 

planes). The generation and propagation of c a    dislocations are difficult due to 

their large Burgers vectors and their dissociation on basal planes [III.46]. Therefore, 

they require larger stresses than twinning at low homologous temperatures. However, 

the critical resolved shear stress for c a    dislocations in pyramidal slip planes 
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decreases with increasing temperature [III.47]. Therefore, the high homologous 

temperatures (0.43-0.83) in both sintering process and subsequent compression also 

facilitated the activation of c a    dislocations in addition to the small grain size. 

This is in accordance with the high fraction of c a    dislocations obtained for all 

UFG-Zn samples as can be seen in Table III.5. X-ray line profile analysis also revealed 

that in the as-consolidated state, most of a   and c a    type dislocations are 

prismatic ( 2110  {0110} ) and pyramidal ( 2113  {2112}) edge dislocations, 

respectively. It should be emphasized that the dislocation activity inside the ultrafine 

grains is most probably complemented by simultaneous deformation at the grain 

boundaries such as grain boundary sliding as suggested by former studies [III.48] and 

the present mechanical experiments (see the previous section).  

During quasi-static compression at a strain rate of 8  10-4 s-1 for a fixed strain of 

0.29, the parameters of the microstructure including the type of dislocations appear to 

remain unchanged within the experimental error. However, high intensity spots were 

not observed in the Debye-Scherrer rings for the compressed sample contrary to the 

undeformed specimen, indicating that the large grains in the as-consolidated samples 

have been fragmented into smaller subgrains during compression. As a consequence, for 

the sample compressed at 8  10-4 s-1 the microstructural parameters obtained by X-ray 

line profile analysis characterize the whole sample including the very large grains in the 

as-consolidated state. At the same time, in the as-consolidated state the average 

dislocation density and crystallite size are lower and higher, respectively, than the 

values presented in Table III.5 as the intensity scattered from the large grains was not 

incorporated into the evaluation of X-ray diffraction line profiles. Therefore, it can be 

concluded that the average dislocation density increases while the average crystallite 

size decreases in the whole sample during quasi-static compression of UFG-Zn at a 

strain rate of 8  10-4 s-1.  
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Table III.5: The area-weigthed mean crystallite size (<x>area), the dislocation density 

( ρ ), the number of high intensity spots summed up for all Debye-Scherrer rings, 

the relative fraction of <a>, <c> and <c+a> dislocations and the prevailing <a> and 

<c+a> dislocation slip systems. 

Sample area
χ  

[nm] 

ρ  

[1014 m-2] 
<a> 
 [%] 

<c> 
 [%] 

<c+a> 
 [%] 

No. of 
spots 

UFG-Zn 202±20 0.7±0.1 57±2 0±1 43±2 17 

NZnC1 177±17 0.5±0.1 57±2 0±1 43±2 0 

NZnC3 137±14 1.4±0.1 63±6 6±1 31±4 0 

NZnC2 121±13 1.5±0.1 63±6 3±1 34±3 2 

NZnIC1 85±9 1.4±0.1 61±6 6±1 30±3 l 5 

NZnIC3 
(centre) 

127±13 1.4±0.1 66±7 3±1 31±3 5 

NZnIC3 
(half-radius) 

144±15 0.9±0.1 66±7 4±1 30±3 4 

NZnIC4 
(centre) 

145±15 0.7±0.1 44±5 0±1 56±5 6 

NznIC4 
(half-radius) 

162±17 0.9±0.1 57±4 0±1 43±4 5 

Table III.5 shows that for the UFG-Zn samples deformed up to the strains of 0.2-

0.3, the dislocation density increases with increasing strain rate from 8  10-4 s-1 to 0.35 

s-1, but further increment in the strain rate did not cause additional rise in the density of 

dislocations. At the same time, the crystallite size reduces continuously with increasing 

strain rate up to 4834 s-1. The maximum dislocation density and the minimum crystallite 

size are about 1.5 ± 0.1  1014 m-2 and 85 ± 15 nm, respectively. The evaluation of X-

ray line profiles also revealed that at strain rates higher than 0.35 s-1, in addition to 

prismatic 2110  {0110}  slip system other a  -type dislocations in basal 

( 2110  {0001} ) and pyramidal (<1210> {1011}) slip systems were also activated. 
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Similarly, for <c+a>-type dislocations beside pyramidal 2113  {2112} slip system, 

prismatic ( 2113  {0110} ) and other pyramidal dislocations ( 2113  {1121}  and 

2113  {1011}) were also detected. Most probably, at pile-ups formed on the slip 

planes in the as-consolidated sample (e.g. on prismatic planes for a   dislocations) 

the local stresses induce slip on other planes (e.g. on pyramidal or basal planes in the 

case of <a> dislocations) during compression.  

For the samples deformed by dynamic compression at high strain rates (4500 and 

10542 s-1) and large strains (  1.9-2.9), both the center part and the outer region at the 

half-radius of the impacted disks were investigated by X-ray line profile analysis. In 

these specimens the dislocation density and the crystallite size do not surpass the values 

obtained for lower strain and strain rates, rather at the half-radius of these disks the 

dislocation density and the crystallite size are smaller and larger, respectively. The 

lower dislocation densities for higher strains and strain rates can be explained by a 

dynamic recovery and/or recrystallization that is confirmed by the increase of the 

number of high intensity spots compared to the samples deformed at smaller strains and 

strain rates (see table III.3). The higher degree of recrystallization in the outer region of 

the impacted disk has also been shown recently for coarse-grained Zn [III.22]. It is 

suspected that the reason of this effect is the larger strain in the outer region compared 

to the center of the impacted UFG-Zn. It should be noted that the recrystallization at 

high strain rates most probably occurred dynamically during compression since the high 

temperature caused by the fast plastic deformation decreased quickly in about 5  10-2 s 

as shown in section III.3.2. Therefore static recrystallization after deformation due to 

the high temperature of the sample is not expected. This conclusion is in line with 

previous observations on CP-Ti processed by differential speed rolling [III.49],[III.50]. 

III.3.3.2.  Microstructure changes of UFG-Zn during compression from 

TEM investigations 

Typical TEM micrographs for UFG-Zn deformed in quasi-static and dynamic 

conditions at strain rates of 0.35 s-1 and 4500 s-1 are shown in Figure III.5a-b, 

respectively. The mean grain sizes are about 150 nm for both samples which are in good 
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agreement with the crystallite sizes obtained by X-ray line profile analysis (see Table 3). 

The morphology of the grains in UFG-Zn remained equiaxed after both quasi-static and 

dynamic compression experiments. Additionally, twins were not observed inside the 

grains at either low or high strain rates, conforming the results of X-ray line profile 

analysis. Therefore, both TEM and X-ray peak profile experiments suggest that the 

plastic deformation in UFG-Zn occurred by dislocation motion inside the grains which 

may have been complemented by grain boundary sliding due to the small grain size and 

the high homologous temperature. 

  

 

Figure III.5: TEM micrographs for UFG-Zn deformed in quasi-static and dynamic 
conditions at strain rates of (a) 0.35 s-1 and (b) 4500 s-1. 
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III.3.3.3. Microstructure changes in MC-Zn during compression from 

EBSD investigations 

a. Microstructure after quasi-static compression 

Figure III.6a-d show EBSD orientation maps for MC-Zn samples deformed by 

quasi-static compression at strain rates of 6.7 ×10-5 (Figure III.6a), 6.7x10-4 (Figure 

III.6b), 2.7×10-2 (Figure III.6c) and 6.7 x10-2 s-1 (Figure III.6d), and at fixed strains of 

ε=0.4 (Figure III.6a-c) and ε= 0.56 (Figure III.6d). The grain size values determined 

from the EBSD images are listed in Table 4. Up to the strain rate of 2.7×10-2 s-1, the 

grain size decreases slowly from about 300 to 200 μm with increasing rate of 

deformation. Figure III.6d shows that further increase of the strain rate and the strain to 

6.7x10-2 s-1 and 0.56, respectively, leads to a more pronounced decrease of grain size. In 

the later case, the grains are equiaxed with an average size value of about 53 μm and a 

narrow size distribution. In addition, it is observed that the grains possess a strong 

tendency to having their [0001] crystallographic direction perpendicular to the impacted 

surface. 

The red lines in the images of Figure III.6 correspond to LAGBs having 

misorientation angle smaller than 5 degrees while the green ones are boundaries having 

misorientation angle in the range of 5-15°. Most probably, these boundaries were 

developed from the dislocations formed during compression. Additionally, a high 

fraction of lenticular deformation twins can also be observed that were not found in the 

initial unstrained state (see Figure III.2c). The twins are either very thin or consisting of 

twin bundles spreading through the entire grain. As a consequence, twinning may 

induce a change of orientation inside the grains when the deformation proceeds [III.42] 

and contributes to the decrease of grain size. As the strain rate increased, the twinning 

activity decreased and at a strain rate of about 2.7 x10-2 s-1 the amount of twin 

boundaries was very small (see Figure III.6c) that can be explained by the decrease of 

grain size as discussed in the previous section. EBSD investigation showed that these 

twins are mainly tensile twins ({1012} 1011  ). The fractions of ideally oriented twins 

of this nature as function of strain rate are shown in Table III.6. In addition, it was 

reported by Brown et al. [III.52] that twinning activity in pure Be depends on the initial 
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crystallographic texture. In their study on the plastic deformation of pure Be over a wide 

range of strain rates (10-4 - 104 s-1) the authors found that the material with strong basal 

texture component exhibited active twinning, contrariwise to the hot-pressed sample 

with a random distribution of grain orientation, in which twinning was negligible. In the 

present case, the initial MC-Zn material exhibited a random crystallographic texture. 

 

 

 



 79

 

Figure III.6 : EBSD images of the microstructure after quasi-static compression of MC-
Zn. (a), (b) and (c) correspond to the initial strain rates of 6.7�10-5 s-1, 6.7�10-4 s-1 and 
2.7�10-2 s-1, respectively, and a fixed strain of = 0.4; In the case of (d) the strain rate 
and the strain were 6.7�10-2 s-1 and = 0.56, respectively. (For the colored image on the 
right one can refer to the standard stereographic triangle inset in figure III.1d). 
 

b. Microstructure after dynamic compression 

Figure III.7a shows the microstructure in MC-Zn after dynamic compression at a 

strain rate of 9.1  10 3 s-1 at a fixed strain of  = 0.22. The lack of twinning should be 

noticed. Indeed, no twins were found after compression tests in the dynamic regime, 

irrespectively of the strain rate values applied here. The EBSD orientation map in 

Figure III.7a also shows that the grain orientation deviates strongly from that observed 

in the initial material but it is more or less qualitatively equivalent to the state observed 

at a similar strain value in quasi-static compression. Therefore, it can be concluded that 

the grain reorientation is rather dictated by the strain value than the strain rate effect per 

se. Nevertheless, it was noted that the grain refinement is more pronounced after 

dynamic tests than in the case of quasi-static compression at the same strain in 

accordance with the larger value of the Zener-Hollomon parameter at a higher strain 

rate [III.53]. The decrease of twinning activity is most probably accompanied by an 

increase of dislocation-controlled plasticity as suggested by the increase in the mobile 

dislocation density with increasing strain rate in Range III (see section III.3.2). It is 

interesting to note that Conrad and Narayan [III.51] proposed a grain size regime of 10-

1000 nm where the absence of twinning is expected to occur in Zn during quasi-static 

deformation at a strain rate of about 10-4 s-1. The grain size of UFG-Zn (250 nm) falls 

into this regime, but the grain size in MC-Zn is much larger (≥ 26 μm) even after 



 80

deformation at the highest applied strain rate. During dynamic compression of MC-Zn, 

the temperature most probably increases significantly [III.22] thereby promoting the 

activation of <c+a> dislocations instead of twinning even if the grain size is not very 

small. 

Table III.6: Evolution of ideally oriented tensile twins with strain rate 

Strain rate 6.7x10-5 s-1 6.7x10-4 s-1 2.7x10-2 s-1 6.7x10-2 s-1 

 (%) 40 40 40 56 

Twin fraction (%) 3 9 3 0 

Contrariwise to the mono-modal grain size distributions observed in the materials 

described above, during loading at a strain rate of 9.1 × 103 s-1 and for a fixed strain of  

ε = 0.56 a bimodal grain size distribution has developed similar to the case reported in 

ref. [III.22]. In this microstructure, a central region having larger grains (but still lower 

compared to the initial state) is surrounded by an outer ring with smaller grains as 

illustrated in Figure III.7b and 7c, respectively. Moreover, the grain size distribution in 

Figure III.7b is itself clearly bimodal: dislocation-free large grains (about 6 μm) with 

crystallographic [0001] direction normal to the impacted surface coexist with much 

smaller grains (about 1 μm) whose orientations are random. It is hypothesized that the 

former grains were nucleated in a recrystallization process. It is interesting to note that 

Meyers et al. [III.54] have reported on shear localization during dynamic deformation of 

metals and associated microstructural evolution and self-organization. Detailed 

microstructural investigations of the shear bands formed in Ti, Cu, Al-Ti and Ta at very 

high strain rates revealed a fine grained microstructure that was attributed to the 

operation of a recrystallization process due to the increase of temperature during 

dynamic deformation. In our recently published paper similar temperature rise for high 

strain rates was also reported [III.22]. 
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Figure III.7 : EBSD images illustrating the microstructure after dynamic compression of 
MC-Zn at strain rate of 9x103 s-1. (a) for a fixed strain of ε = 0.22; (b) The central region 
and (c) the outer rim of the sample for a fixed strain of 0.56. The grains in (a, b) are 
randomly oriented while there is a near [0001] crystallographic texture in (c). (For the 
coloured on the right one can refer to the standard stereographic triangle inset in Figure 
III.1d).  
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Further investigations were conducted to confirm the occurrence of dynamic 

recrystallization in the case of the impacted MC-Zn samples. Figure III.8 represents the 

distribution of image quality number (IQ) describing the sharpness of the diffraction 

pattern in EBSD. The higher the IQ, the less distorted the lattice. The values of IQ in the 

central and outer areas of the disk impacted at 9.1 × 103 s-1 and at a fixed strain of 0.56 

were investigated (corresponding to Figure III.7b-c). It is observed that the outer ring 

possesses higher IQ values that the internal coarse-grained region. The higher IQ 

indicates defect-free areas that may be linked to recrystallized grains. The overlapping 

between the two IQ distributions in Figure III.8 is most probably related to recovered 

zones in both the center and the outer ring. This observation is in line with TEM 

investigations reported in ref. [III.22] that showed a gradual change of the 

microstructure from dislocation-populated grains in the center of the disk to recovered 

and/or recrystallized grains in the outer ring. Similar results were obtained by X-ray line 

profile analysis on UFG-Zn samples processed by dynamic compression at high strains 

and strain rates (specimens NZnIC3 and NZnIC4, see section III.3.3.1 and Table III.5). 

This means that the occurrence of recrystallization during compression at high strain 

rates is irrespective of the initial grain size in Zn. 

 

Figure III.8 : Image quality index (IQ) determined from the EBSD images taken in the 
central (a) and the rim (b) areas of MC-Zn compressed at an initial strain rate of s-1 for 
a fixed strain of = 0.56 corresponding to Figure III.7b-c, respectively). 
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III. 4. Conclusions 

Ultrafine- and coarse-grained Zn samples were deformed by compression at RT in 

the strain rate range spanning 9 orders of magnitude. The main results are the following: 

(1) In the case of MC-Zn compressed up to a strain rate of ~101 s-1 twinning and 

thermally activated dislocation motion controlled the deformation yielding to a 

strain rate sensitivity of about 0.11. Above the strain rate of 103 s-1 dislocation 

drag effects controlled the plasticity which was accompanied by partial 

recrystallization. In this strain rate regime the mobile dislocation density was 

found to be about 1011 m-2. In the case of UFG-Zn the relatively large dislocation 

density (~1014 m-2) and the small grain size (~250 nm) limited the dislocation 

velocity yielding the lack of dislocation drag effects up to 104 s-1. The strain rate 

sensitivity was higher for UFG-Zn (~0.18) than for MC-Zn in the thermally 

activated deformation regime. In UFG-Zn dynamic recrystallization was observed 

in the strain rate regime of 103-104 s-1.  

(2) Twinning (mainly via tensile twins) contributed to deformation only in MC-Zn at 

low strain rates. For MC-Zn at high strain rates and in UFG-Zn for the entire 

strain rate regime, the main deformation mechanism is the dislocation motion of 

a   and c a    type dislocations. The activation of c a    type 

dislocations on pyramidal planes instead of twinning with increasing strain rate 

was caused by the decrease of grain size and the increase of temperature.  

(3) During compression, a significant grain refinement occurred in MC-Zn, whose 

magnitude increases with increasing both strain and strain rate. The grain size 

reduction is partially caused by recrystallization. The degree of recrystallization 

increases with increasing the distance from the center of the impacted disk. 

(4) During compression of MC-Zn, grain reorientation occurred leading to the 

development of near [0001] crystallographic texture. The amount of reoriented 

grains increased with increasing strain. 
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Chapter IV 

Microstructural evolution of commercially pure titanium 

during quasi-static and dynamic compression tests 

IV.1 Introduction  

Due to a limited number of independent slip systems, twinning is one of the main 

mode of deformation for hexagonal materials [IV.1]-[IV.5]. As described above, in the 

case of Zn, the activation of twinning is inhibited when tested at high strain rate and 

when the grain size decreases (the possible effect of the crystallographic texture is not 

considered). Therefore we wanted to compare and evaluate the generalization of these 

results with further studies performed on another material with a hexagonal structure, 

namely commercial purity titanium (CP-Ti). 

IV.2 Experimental procedures 

Table IV.1 gives the composition of the as-received CP-Ti material which was 

supplied as a cylindrical bar 10 mm in diameter from which three samples of 15 mm in 

length are prepared. One sample was tested under quasi-static compression at a strain 

rate of 10-4 s-1 up to a total strain of about 20%, by use of a universal Instron testing 

machine (model 1195). The two other samples were tested in dynamic condition at a 

strain rate of 103 s-1 and for a total deformation of about 20% and 60%. The dynamic 

plastic deformation (DPD) test was performed using a setup designed and manufactured 

at Tremblay’s institute of technology.  

Actually, DPD tests were conducted by using a six-meters-height dynamic drop 

mass bench test machine [IV.6]-[IV.9]. An object with a mass of 45 kg felt almost 

freely from the drop height of 5.75 m and hit the upper surface of the specimen. At the 

moment of the impact the kinetic energy of the mass was approximately 2.5 kJ that was 

absorbed by the plastic deformation of the specimen. The corresponding initial 

maximum impact velocity was 15 m.s-1 that yielded an average strain rate of about 103 s-

1. A dynamic load cell of 20 tons measured the applied axial force on specimen. The 
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M5L series Bullier International laser displacement sensor, 5000 g accelerometer and 

laser beam displacement transducer measured the displacement of the impacting object. 

The force and displacement as a function of time were recorded under control of a rapid 

acquisition chain (2.5 MHz). A synchronization signal is triggered by a signal from two 

photocells. The dimensions of the samples before and after impact and the velocities 

and strain values calculated are shown in Table IV.2. 

Table IV.1: Chemical composition of the Cp-Ti in at. % (data from GOODFELLOW) 

Al Cr Mn Ni V Fe Ti 

0.05 0.05 0.05 0.05 0.05 0.03 base 

For texture analysis by X-ray diffraction and microstructure by EBSD, samples are 

cut in the normal plane (perpendicular to the direction of impact) before and after 

impact. These samples are prepared in two steps: (i) mechanical polishing and (ii) 

electrolytic polishing by using A3 solution from Struers at room temperature and 

applying a voltage of 40 V for 20 s. 

Table IV.2: Characteristics of samples before and after deformation: Vi is the 

impact velocity, D0 and Df represent the diameter before and after impact, 

respectively. H0 and Hf are the heights before and after impact, respectively. ε = 

Ln(Hf/H0) is the axial strain in the direction of impact. 

Vi (s
−1) D0 (mm) H0 (mm) Df (mm) Hf (mm) ε (%) 

10-4 10.0 15.0 11.0 12.30 20 

103 (15 m.s-1) 10.0 15.0 11.56 12.10 20 

103 (15 m.s-1) 10.0 15.0 * 8.31 60 

IV.2.1. Investigation of the initial microstructure of CP-Ti  

Figure VI.1 illustrates the initial microstructure of the CP-Ti showing an equiaxed 

grain structure. The average grain size is about 17 µm. A very low twin boundary 

density (about 2% of the total boundaries) is observed within some grains. The twins are 

lenticular and crossed the entire grain. EBSD analysis showed that these twins are 
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compression {1122} 1123   and {1012} 1011   tensile twins (64.5 and 85 ° twins, 

respectively).  

Figure VI.1: EBSD analysis of the microstructure of the as-received CP-Ti. 
 

The associated inverse pole figures (IPF) image reveals the presence of a 

crystallographic texture, which was confirmed by X-ray diffraction measurements 

shown in Figure VI.2. The majority of the grains have their <1010> and <2110> normal 

aligned with the rod axis giving rise to a two fibers, whose intensities are not of the 

same level, the <1010> one being the more intense. 

 

 

Figure VI.2: Texture analysis (selected pole figures) of the as-received CP-Ti. 
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IV.2.2. Investigation of the deformation microstructure of CP-Ti 

IV.2.2.1. SEM and EBSD investigations  

Figure VI.3a-b shows SEM and EBSD investigations of CP-Ti submitted to 

quasi-static compression (10-4 s-1) and DPD (103 s-1) tests at imposed strain of 20%. 

 
(a) 

 

 

(b) 
 

 

Figure VI.3: EBSD investigation showing the microstructure evolution after quasi-static 
(a) and dynamic (b) deformation of CP-Ti. 

The observations clearly demonstrate that twinning is not inhibited in CP-Ti with 

increasing the strain rate, contrariwise to the case of Zn reported and discussed above. 

Indeed, intense twinning is observed when entering the dynamic regime. It is interesting 

to note that during quasi-static compression, mechanical twinning re-oriented portion of 
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grains toward the <0001> axis. The <0001> orientation became even more prominent 

with the increase of twinning frequency and in the dynamic regime the majority of 

grains have been reoriented. Nevertheless, it is also observed that some grains do not 

display twins. These grains are either elongated and/or display color change at the 

vicinity of grain boundary as the consequence of dislocation glide-driven plasticity. 

(a) (b)

 

Figure VI.4: Illustration the microstructure evolution in CP-Ti after DPD compression at a 
strain of about 60% (a) and deformation twinning in <0001> oriented lamellar grains due 
to mechanical polishing. 

Figure VI.4a show microstructure evolution during DPD but at an imposed 

external strain of about 60%. No strong differences were noted compared to the sample 

that was DPD deformed at the same strain rate but at a strain of 20% (Figure VI.4b) 

suggesting a saturation state in twinning operation for the imposed condition of 

deformation. Such twinning saturation has been already reported in the case CP-Ti 

deformed by rolling at room temperature by Chun et al. [IV.10]. In addition as the 

deformation proceeds, some of the reoriented <0001> grains appear to deform by 

twinning, probably due to the local stress state imposed by the neighboring deforming 

grains.  This hypothesis is supported by the observation shown in Figure VI.4b, where 

parallel micro-twins are formed only within the twinned and <0001> oriented grain 

portions, while the parent matrix is “almost” not twinned (see the green colored grain, 

for example). These twins are triggered by additional strain (or stress state) due to 

scratches during polishing prior to EBSD observations. This additional strain induces 
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mechanical twin in <0001> oriented grains only, while the other (green grains deform 

mostly by dislocation glide). 

IV.2.2.2. The nature of the deformation induced twins 

In order to identify the twinning systems that were activated during quasi-static 

and dynamic deformation and the two levels deformation (20 and 60%), the 

misorientation angle and rotation axis of each twin relative to the parent (matrix) 

orientation were determined from the EBSD data. This analysis revealed that 65◦ 

1010   and 85° 1120   boundaries (corresponding to {1122} 1123   and 

{1012} 1011   compression and tensile twin families, respectively) were most 

frequently observed. The activation of these two twinning modes was confirmed 

statistically from misorientation-angle distributions shown in Figure VI.5, which also 

showed high fractions near the misorientation angles of 65◦ and 85◦. The misorientation 

angle distributions also indicated that boundaries with a misorientation angle near 85◦ 

were predominant at a deformation of 20% after DPD. However, boundaries with 

misorientations near 65◦ became predominant, exhibiting a higher frequency number 

compared to those with the 85◦ misorientation as the level of deformation increased to 

60%. This indicates that {1122} 1123   twinning was more active than tensile 

{1012} 1011   twinning as the dynamic strain was increased. The results are 

sumarized in Table IV.3. 

Table IV.4 shows also that the fraction of low angle boundaries (LABs) increased 

with increasing the strain rate but saturates with the axial deformation after DPD. 

Specifically, the fraction of low angle boundaries was about 29% after 20% reduction 

during quasi-static compression test and increased slightly to 36% after DPD of 20% 

and then to 40% after DPD of 60% reduction. It should be noted that, the misorientation 

angle distribution, which exhibited sharp peaks around 65◦ after 20% deformation, 

whatever the deformation mode as shown in Figure VI.5, began to spread with 

increased strain rate and strain amount. This trend suggests that the ideal twin–matrix 

orientation relationship was destroyed due to deformation via slip in both the twin and 

matrix in order to accommodate the deformation imposed following twin formation. 

This may explain partly the crystallographic intensity lost as discussed below. 
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Figure VI.5: Frequency of misorientation across boundaries after quasi-static and 
DPD deformation of CP-Ti. See text for more details. 

 

Table IV.4: LAGBs and HAGBs (including twins) as function of strain rate and 
deformation amount 

Fraction  Initial V= 0.0001 s-1 V = 1000 s-1 V = 1000 s-1 

  (%) 0 20 20 60 

LAGBs (%) 15.2 29.5 36.3 39.8 

HAGBs (%) 84.8 70.5 63.7 60.2 

Twins (%) 1.9 6.9 14.2 12.1 

 

IV.2.2.3. XRD investigations of the crystallographic texture 

The evolution of crystallographic texture after compression tests in both the 

quasi-static and dynamic regimes are presented in Figure VI.6. There is a clear 

evolution in terms of forming a 0001   fiber which is becoming more and more 

intense after DPD, contrariwise to the occurrence of the 1010   and {2110}  

orientations, in agreement with the EBSD observations shown above. Nevertheless, in 

the case of DPD-deformed sample at a strain of 60%, the obtained texture is 
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intermediate between DPD-deformed sample at 20% and quasi-static deformed one. 

The texture displays a decrease of the intensity of the 0001   down to about 50%. 

Most probably, re-twinning and / or dislocation glide which takes place in the grains 

thus oriented induces the softening of the texture fiber. 

 

  

 

 

 

Figure VI.6: Texture analysis (selected pole figures) of deformed CP-Ti after quasi-
static compression (a) and DPD at 20% (b) and 60% (c) amount of deformation, 
respectively 
 

IV.2.2.4. Image quality index distribution form EBSD 

In the case of Zn, it was shown that grains became defects free as the strain rate 

increased in the dynamic regime, most probably because of the occurrence of recovery 
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and/or dynamic recrystallization. This was partly supported by the distribution 

frequency of the image quality index (IQ) as shown in Figure III.8. In the present case, 

the IQ distribution (Figure VI.7) overlapped for the studied loading conditions, meaning 

that the “cleanness” of the analyzed microstructure was about the same and was 

characterized by a lot of defect introduced during the deformation and that not recovery 

or DRX as observed in the case of Zn occurred here. 
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Figure VI.7: Frequency of IQs for the different deformation state of CP-Ti. 
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IV.3 Conclusions 

Microstructure and texture evolution quasi-static and dynamic deformation of CP-Ti 

were studied via SEM and OIM-EBSD. The following conclusions were drawn: 

1. Deformation comprising low strain rate and a moderate deformation amount of 

about 20% was accommodated by slip and mechanical twinning 

2. Increasing the strain rate in the dynamic regime resulted in a high frequency of 

twinning, which did not evolve with increasing the amount of axial deformation 

up to about 60% 

3. In accordance with previous results from the literature, the primary twinning 

systems activated were {1122} 1123  	 compressive twins and 

{1012} 1011   tensile twins. 

4. The activation of deformation twinning results in grain refinement due to 

intersection of twins and the formation of secondary and tertiary twins. 

5. Most probably, grain refinement due to twinning leads to increased difficulty for 

twin activity, leading to saturation in twinning as it is observed. 

6. The twinning triggered grain reorientation toward the 0001  orientation, 

giving rise to the corresponding fiber texture. 

7. Once formed, the 0001   oriented grains deformed by twinning during a 

subsequent heavy deformation or strain rate increase such as during mechanical 

polishing. 

8. Overall, the behavior appeared to be different with that observed for Zn. Most 

probably the high homologous temperature of the latter plays an important role. 



 99

References 

[IV.1]     G.W. Groves, A. Kelly, Philos. Mag. 8 (1963) 877–887. 

[IV.2]     W.J.McG. Tegart, Philos. Mag. 9 (1964) 339–341. 

[IV.3]    Y.B. Chun, S.K. Hwang, M.H. Kim, S.I. Kwun, S.W. Chae, J. Nucl. Mater. 

295  2001) 31–41. 

[IV.4]    I. Kim, J. Kim, D.H. Shin, C.S. Lee, S.K. Hwang, Mater. Sci. Eng. 342A 

(2003) 302–310. 

[IV.5]    W.S. Choi, H.S. Ryoo, S.K. Hwang, M.H. Kim, S.I. Kwun, S.W. Chae, Metall. 

Mater. Trans. 33A (2002) 973–980. 

[IV.6]    A. Abdul-Latif, G.F. Dirras, S. Ramtani, A. Hocini. Int. J. Mech. Sci. 51 (2009) 

797-806.  

[IV.7]    G. Dirras, T. Chauveau, A. Abdul-Latif, S. Ramtani, QH Bui. Phys. Status 

Solidi A 207, No. 10, 2233–2237 (2010) / DOI 10.1002/pssa.201026093. 

[IV.8]    G. Dirras, T. Chauveau, A. Abdul-Latif, J. Gubicza, S. Ramtani, Q. Bui, Z. 

Hegedus and B. Bacroix. Metallurgical and Materials Transactions, A, 2012. 

DOI : 10.1007/s11661-011-1028-x  

[IV.9]   L. Farbaniec, A. Abdul-Latif, J. Gubicza, G. Dirras. J. Mater. Sci. DOI 

10.1007/s10853-012-6519-7  

[IV.10]   Y.B. Chun, S.H. Yu, S.L. Semiatin, S.K. Hwang. Mater. Sci. Eng. A 398 

(2005) 209–219 



 100

IV. Conclusion and Perspectives  

Plastic deformation of material with crystal structure depends on several 

parameters. Some parameters are related to the microstructure of the material: chemical 

composition, crystal structure, metallurgical state, method of preparation, grain size … 

While other are related to the loading mode (rolling, tension, compression, shear …) 

and importantly to the strain rate (quasi-static or dynamic regime).  

In order to highlight the influence of strain rate and grain size on the crystal 

plasticity taking into a count the crystalline structure of the material, our work was 

devoted to the analysis of the deformation mechanism activated during plastic 

deformation of the two materials with different crystalline structures: (i) Zn, a HCP 

material with two different grain sizes in the micro and ultrafine grain size ranges (~ 

300 µm and 200 nm, respectively), loaded in quasi-static and dynamic compression 

modes (in the later case, a strain rates of ~ 10 5 s-1 was reached by means of a Direct 

Impact Hopkinson Pressure Bars (DIHPB) and, (ii) electrodeposited fine-grained (5 µm) 

Ni, with face-centered cubic structure deformed in compression under dynamic 

conditions using DIHPB.  

Significant differences in terms of micro mechanisms of plasticity in the two 

strain rate regimes were found:  

- (i) At lower strain rates (up to ~ 102 s-1) in the quasi-static regime, dislocation-based 

plasticity was observed in both materials. Extensive twinning occurred only in the 

case of micrometer grain-sized Zn, indicating a grain size dependence of twinning 

as usually reported in the literature for HCP material.  

- (ii) In the dynamic regime (strain rates superior to 103 s-1) plastic deformation 

induced a significant temperature increase within the samples. This temperature 

increase was significantly high enough to induce recovery and/or dynamic 

recrystallization. As a consequence two phenomena were observed depending on the 

structure under investigation: for electrodeposited Ni, the resulting microstructure 

and mechanical properties were similar to that of the initial state, dominated by 

annealing twins and equiaxed randomly oriented grains. For micro-grained Zn, the 
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dynamic recrystallization mechanism was accompanied by a tremendous grain 

refining (from 300 µm to 6 µm). As a consequence, twinning was inhibited. It 

should be noticed that mechanical twinning usually occurs with increasing strain 

rates in conventional HCP materials or in nano-grained FCC materials. Therefore, 

the disappearing of twinning observed here was quite surprising. To clarify this 

point, additional investigations were carried out on another HCP material, namely a 

coarse-grained CP-Ti deformed in quasi-static and dynamic regime. By doing so, it 

was found that contrariwise to the case of coarse-grained Zn, twinning was the main 

deformation mechanism. Indeed the fraction of twinned volume increased with the 

strain rate. This was consequently accompanied by re-orientation of grains almost in 

the whole investigated zone. Not shown here, we also observed that, mechanical 

twinning was very remote in the case of ultrafine-grained pure Ti deformed in the 

quasi-static regime. On the one hand, the results clearly show the effect grain size on 

the occurrence of mechanical twinning, whatever the HCP material considered: the 

lower the grain size, the lower the probability of twinning. On the other hand, 

considering the conventional coarse-grained counterparts, the effect of the strain rate 

on twinning was found to be different in Zn compared to Ti. In the former, the lower 

T/Tm ratio probably plays a key role in the inhibition of twinning. When twinning 

occurred in both case, the nature of twins was different in Zn and CP-Ti: while only 

tensile twins were activated in the former, both tensile and compressive twins were 

found in CP-Ti. 

- A dislocation-drag mechanism was suggested during high strain rate deformation of 

both Ni and Zn and is characterized by an increased density of dislocation leading to 

a sharp increase of the flow stress. In the case of Zn sample, the occurrence of this 

phenomenon is grain-size dependent: a sharp increase of flow stress was observed 

only in the case of micro-grained samples, while a ultrafine-grained Zn counterpart 

showed a monotonous flow stress increase for the same range of strain rates.  

Probably, additional microstructure investigations by TEM should be carried out 

for further understanding and generalization (or not) of some of the above conclusions. 

In this framework, example, the effect of the crystallographic texture should be taken in 

account. 
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Appendix   

The Spark Plasma Sintering route 1 

 

A.1. Introduction 

Spark Plasma Sintering (SPS) is one of most attractive techniques for producing 

innovative materials with a moderate cost and enhanced properties. This fast sintering 

technique is a high-speed powder consolidation/sintering technology capable of 

processing conductive and nonconductive materials. SPS consists in applying 

simultaneously a pulsed direct current (DC) of high intensity and a uniaxial pressure to 

the powder. This very fast process allows the fabrication of materials such as 

nanostructured materials. In addition, SPS can produce near-net and net shapes directly 

from powders. 

In a recent review investigating the influence of the processing parameters such as 

pressure, temperature, heating rate, current intensity and pulses, Orru et al. (2009) [A.1] 

reported the capability of this technology to produce, in a short time, various types of 

materials. More importantly, this review points on the lack of knowledge of the physical 

mechanisms involved during the SPS process. 

More specifically, during SPS, the sintering is due to the simultaneous application 

of direct current pulses of very high intensity (several thousands of ampere) and of a 

uniaxial pressure to the encapsulating system (Figure A.1). The powder is loaded in a 

cylindrical (usually graphite) die. The upper and lower punches through which the 

pressure (typically 1-200 MPa) is applied, also act as electrodes which bring the electric 

current in the die and sample. The Joule effect enables very quick heating of the system 

(typically up to 500° C/min). SPS experiments are generally performed under vacuum 

or under controlled atmospheres. The electric current is applied as high current (~1000 

to 30 000A) – low voltage (0 – 10V) DC short pulses, which are expected to lead to 

                                                 
1 Adapted from « MF2 » ANR project (Dr. A. Couret, CEMES, Toulouse) 
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“sparks” and “plasmas” (the effects from which derives the name spark plasma sintering 

of the technique). The size of the samples is 10-50 mm in research devices; it can reach 

more than 300 mm in industrial equipments. 

 

Figure A.1: Schematic representation of SPS device. 
 
Although the first patents on “Electric current activated/assisted sintering 

(ECAS)” have been published in 1906 [A.2], SPS has introduced a revolution in the 

synthesis of new or innovative materials in the last 10 years. Its extreme rapidity and the 

possibility to sinter a large class of materials (metals, ceramics, even polymers) have 

driven a rapid emergence of this technique in South-East Asia during the last part of 

20th century. SPS has first slowly increased in the United States and in Europe, with a 

recent exponential development of published papers (20 in 2000, 250 in 2006) and 

patents (5 in 2000, 40 in 2006).  

The first equipment in France was the PNF2-CNRS platform in Toulouse in 2004. 

In the last 5 years ten other ones were acquired in university (7) and industry (3) 

research centers, giving rise to a strong development of research, and a CNRS “GdR” 

was created on SPS in 2008. 
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A.2. Sintering mechanisms 

Sintering is often described as a sequence of 3 steps (Figure A.2): i) neck 

formation/growth at the contact points between initial particles, ii) grain coarsening and 

iii) densification (pore elimination). This oversimplified view is helpful to analyse and 

understand the relevant mechanisms, although the two last steps are not sequential but 

simultaneous and competitive. Necks are places where the inter-particle boundaries are 

formed, which ensure the material cohesion. They also play the very important role of 

channels for mass transfer between particles. For these reasons, neck formation is often 

considered as the first and key step of sintering. Densification subsequently occurs 

through various mechanisms, under various driving forces, many of them being also 

driving forces for grain coarsening. 

The common driving force to all sintering techniques is the surface energy, 

related to geometrical parameters: local curvature, grain size... They induce various 

mass transport mechanisms (surface, bulk and grain boundary diffusion), which 

contribute to sintering phenomena. In the case of multi-element systems, composition 

gradients are supplemental driving forces for mass transport and phase transformations. 

In pressure assisted sintering techniques, such as hot pressing and SPS, the 

applied pressure is an additional driving force for mass transport and plastic 

deformation during densification. 

SPS brings two specific driving forces, related to the electric current inside the 

sample: i) constrictive macroscopic electromagnetic forces [A.3] which act in a similar 

way as assisting pressure, ii) local electric field and current which induce electro-

migration mechanisms and electro-plasticity 
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Figure A.2: Simplified description of driving forces and sintering mechanisms, and their 

effect on sintering steps. The yellow background marks driving forces and mechanisms 

which are specific to SPS. 

The efficiency of the SPS technique is however widely attributed to other effects, 

which are not specific mechanisms, but enhancing phenomena (Figure A.3). The “spark 

and plasma” formation induced by local electromagnetic fields between particles is 

expected to induce cleaning and melting effects, which enhance first neck formation and 

then almost all sintering mechanisms. Even in the absence of spark and plasma, the 

concentration of high currents in small particles or in necks leads to local overheating 

and even melting of key areas which favor diffusion as well as plastic deformation. 

Moreover, the very high heating rates (up to several hundreds of K per min) 

induce thermal gradients which contribute to mass transport and favor the densification 

mechanisms with respect to particle growth ones [A.4]. 
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Figure A.3: Enhancing effects of SPS and their relations to sintering mechanisms. The 

main driving forces are due to the local electric current, but fast heating appears also 

as an important source of driving forces. 

A.3. Specific mechanisms of SPS 

The most common SPS mechanisms pointed out by the literature can be classified 

in the three following groups. 

- Mass transport mechanisms. The electric current has an overall enhancing effect 

on atom and defect mobility, through the high temperatures locally reached by Joule 

effect [A.5]. Current-induced mass transport (electro-migration effect), a well-known 

problem in electronics leading to failure of Cu interconnects [A.6] and [A.7], is a 

potential mechanism of mass transport specifically involved in SPS. It has been 

observed macroscopically by dedicated electro-migration experiments in many metallic 

systems: Sn-Cu and Sn-Ni  [A.8], Sn-Ag [A.9], Al-Au  [A.10], Ni-Ti [A.11], Mo-

Si[A.12] and Cu-Ni  [A.13]. 

- Plasticity, recrystallization, phase transformations. Classical mechanisms 

operating at high temperature and high stress, like diffusion and dislocation creep, 

dynamic recrystallisation and phase transformation, can also be enhanced by the electric 

current. The electroplasticity effect facilitates the deformation of powder particles and 
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enhances the densification step, by lowering the mechanical strength of the material   

[A.14]-[A.18].  

- Melting and plasma formation. Electric sparks and plasmas around the powder 

particles are supposed to clean the powder surface, to destroy oxide layers [A.19] and 

[A.20] or to induce local melting of the particle surface, which could accelerate 

densification [A.21]. For sub-micrometric and nanometric powders, the breakdown 

voltage could be reached, leading to an electrical discharge inside the powder and to 

plasma formation, even for low applied voltages [A.22]. However, these effects are 

subject of controversy and, have not been supported by any compelling evidence [A.5], 

[A.18] and [A.1]. Using dedicated in situ atomic emission spectroscopy and ultrafast in 

situ voltage measurements, [A.23] concluded to the absence of plasma during SPS. 

In SPS as well as in other sintering techniques, the driving forces and local 

conditions for the operating mechanisms cannot be directly controlled. Only external 

process parameters can be monitored. SPS offers two specific parameters: the overall 

electric current (generally managed to adjust heating rate and temperature) and the 

instantaneous current intensity during the pulses (generally associated to the pulse/no 

pulse durations to obtain an average value of the intensity: “current waveform”). Grasso 

et al. [A.2] evidenced the importance of this specific characteristic of SPS. The authors 

also pointed out the interest of the control of the current path to determine the part of the 

current which flows respectively in the sample and in the conductive matrix. 
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Mechanical behavior and microstructural evolutions under quasi-

static and dynamic compression loading of FCC and HCP polycrystals: 

effect of grain size 

 

Abstract:  

The present work is devoted to the analysis of the strain rate and grain size effects on the 

deformation mechanism activated during plastic deformation of two polycrystalline materials: (i) 

zinc (Zn), a crystal with hexagonal compact packing structure, having grain size in the micro and 

ultrafine grain ranges (~ 300 µm and 200 nm, respectively), loaded under quasi-static and 

dynamic compression conditions, up to a strain rate of ~ 10 5 s-1 (by use of a Direct Impact 

Hopkinson Pressure Bars (DIHPB); (ii) electrodeposited nickel (Ni), a face-centered cubic 

structure with grain size of 5 µm deformed in compression under dynamic conditions using 

DIHPB. Significant differences in terms of micro-mechanisms of deformation in the two regimes 

were found: (i) At lower strain rates, up to ~ 102 s-1, dislocation-based plasticity was observed in 

both Ni and Zn. Extensive twinning occurred only in the case of micrometer grain-sized Zn, 

indicating a grain size dependence of twinning; (ii) In the dynamic regime (> 103 s-1) plastic 

deformation induced a significant increase of the temperature within the samples. This increase 

of temperature was significant enough to induce recovery and/or dynamic recrystallization. As 

consequence two phenomena were observed depending on the structure under investigation: for 

Ni, the resulting microstructure and mechanical properties were similar to that of the initial state, 

dominated by annealing twins and equiaxed and randomly oriented grains. For micro-grained Zn 

a tremendous grain refining was found. As a consequence, twinning was inhibited. To clarify this 

point, additional investigations were carried out on coarse-grained CP-Ti deformed in both quasi-

static and dynamic regimes. It was found that twinning was the main deformation mechanism. 

Indeed, the larger the strain rate and grains size, the larger the twin density. On the one hand, 

these results clearly demonstrate the grain size effect on the occurrence of mechanical twinning 

in HCP materials. On the other hand, the effect of the strain rate on twinning was found to depend 

on the material under investigation. Compared to Ti, the lower homologous temperature T/Tm of 

Zn probably plays a key role, as it may induce dynamic recovery/recrystallization as far as the 

present experimental conditions are concerned. 

 

Keywords: high strain rate, microstructure, twinning, ultrafine grains, dynamic recrystallization 
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